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2.1 'Development of Superplastic Structural Ceramics'

I-W. Chen and L.A. Xue, Journal of the American Ceramic Society




I. INTRODUCTION

The search for an alternative yet reliable near net-shape forming method for structural ceramics
has naturally led to superplastic forming following the discovery in 1986 of ceramic superplasticity
in zirconia. In the research supported under AFOSR Grant No. 87-0289, the first goal was to
develop a mechanistic understanding of the central microstructural requirement for facilitating
deformation and forming. The limited state-of-the-art available at the beginning of the project (3Y-
TZP and its composite with alumina was the only family of superplastic ceramics known) dictated
that a second goal was to explore other phase fields of potential new superplastic structural
ceramics. The third goal was to develop methods that would allow pressure used in superplastic
forming to suppress cavitation. The first two goals were successfully met through a combination
of experimental research and mechanical modelling. The third goal of pressure forming was not
completed in time before the termination of the project.

The research falls into the following major categories:

(a) Fundamental alloy development to define the scope and the strategy for formulating ceramic
composition, processing pathway, and microstructural development for optimal formability;

(b) Investigation of grain boundary interactions with microstructure/deformation controlling
dopants;

(¢) Investigation of liquid additives and their role in deformation processes;

(d) The development of a new biaxial forming test to assess ceramic formability.

In this report, we will give an account of this research by presenting the results of the major
investigations in the form of published journal papers, conference contributions, and general
reviews. The format consists of a series of short introductions, followed by the relevant
publications in that area that will furnish the mechanistic details in both modelling and experimental

observations.
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Development of Superplastic

Structural Ceramics

I-Wei Chen* and Liang An Xue*

Department of Materials Science and Engineering,
University of Michigan, Ann Arbor, Michigan 48409-2136

Superplastic structural ceramics (Y-TZP,
Al,O,, Si3N4, and their composites) that
can withstand biaxial stretching to large
strains have been developed :ecently.
Microstructural design of these ceram-
ics first requires an ultrafine grain size
that is stable against coarsening during
sintering and deformation. A low sinter-
ing temperature is a necessary, but not
a sufficient, condition for achieving the
required microstructure. In many cases,
the selection of an appropriate phase,
such as tetragonal phase in zirconia or
a phase in silicon nitride, which is resis-
tant to grain growth, is crucial. The use
of sintering aids and grain-growth inhi-
bitors, particularly those that segregate
to the grain boundaries, can be benefi-
cial. Second-phase particles are espe-
cially effective in suppressing static and
dynamic grain growth. Another major
concern is to maintain an adequate
grain-boundary cohesive strength, rela-
tive to the flow stress, to mitigate cavita-
tion or grain-boundary cracking during
large strain deformation. Existing evi-
dence suggests that a lower grain-
boundary energy is instrumental in
achiaving this objective. The selection of
an appropriate prase and the tailoring
of the grain boundary or liquid-phase
composition can sometimes drastically
alter the cavitation resistance. Related
observations on forming methods,
forming characteristics, and sheet forma-
bility are also reviewed. The basic defor-
mation characteristics are similar to
diffusional creep and are dominated )y
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grain-boundary diffusion. However,
deformation characteristics are frequent-
ly altered by interface reactions, second-
phase hardening/softening, and dynaric
grain-growth-induced strain hardening.
Ductility and formability, on the other
hand, are controlled by the flow stress
and flaw distribution, not by deformation
instability as in superplastic metals. Ana-
Iytical models and empirical correlations
are presented to describe various con-
stitutive relations pertaining to superplas-
tic ceramics. [Key words: structural
materials, superplastics, models, grain
boundaries, microstructure.]

I. Introduction
SUPERPLASTICITY is phenomenrologically
defined as the ability of a material to ex-
hibit exceptionally large tensile elongation
dunng stretching.'-2 It is a property com-
monly found in many metals and alloys
when the grain size is refined below sever-
al micrometers and the deiormation tem-
perature is above two-thirds of the melting
point.2 At such small sizes micrograins can
flow, much hke sand particles in a water-
saturated slip, by way of atomic diffusion
along grain boundaries. Models of diffu-
sional creep and grain-boundary sliding,
which predict a nearly Newtonian flow rate
inversely proportional to the grain size to
a certain power, have been advanced to
explain such a phenomenon..23-7 The de-
tails of these mechanistic models, howev-
er, have received only limited expernmental
corroboration, and the exact mechanisms
of superplasticity are still controversial to
this date. Despite such uncertainties, these
materials intrinsically embody a high re-
sistance to strain localization, or necking,
In tensile deformation because necking
necessarly entals a higher local strain rate
and thus a higher local flow stress, which
will be resisted by the rest of the body 38
Several commercial processes in metal in-
dustries have taken advantage of these
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high ductilties to form intncate, large-scale
components directly into their net
shape_7.9.10

Followirig the report in 1986 of super-
plasticty in 3Y-TZP,'* a fine-grained
tetragonal zirconia partially stabilized by 3
mol% yttria, considerable research has
been conducted to explore the generali-
ty of this phenomenon in other ceramics 12
Existing evidence indicates that the poly-
crystalline ceramics with a grain size be-
low 500 nm are potentially superplastic at
high homologous temperatures. Single-
phase ceramics which have been found
to be superplastic, 1.e., which exhibit large
ductilty in uriaxial or biaxial stretching, in-
clude Y-TZP,"1 alumina,'® and hydroxy-
apatite. '4 Polyphase ceramics which have
been found to be superplastic include zir-
conia/alumina,13.15.18 zirconia/mullite,17-19
sihicon nitrnde,20 and silicon nitride/siicon
carbide with other mixed phases.2!-22 This
list is expected to expand in the future.

Several biaxially punch-stretched sam-
ples made of various structural ceramics,
i.e., zirconi, alumina, silicon nitride, and
their composites, are shown in Fig. 1. The
broad forming conditions, in terms of
forming temperature and forming time, are
indicated. The quality of the as-formed sur-

Vol. 73, No. 9

faces i1s excellent, These demonstrations
suggest the possibility of deformation
processing of dense ceramics at high tem-
peratures (using methods commonly re-
served for metals, plastics, and glasses).
These processes could include sheet
forming, blowing, extrusion, stamping, and
forging. Compared with the conventional
forming processes of crystalline ceramics,
which are conducted at low temperature
before finng, these processes have the ad-
vantages of greater shape flexibility and
better dimensional accuracy. The latter are
especially important considerations for net-
shape forming.®

This paper describes various materials
considerations which have guided the de-
velopment of superplastic structural ce-
ramics. The scope of this paper is shown
in Fig. 2, which outlines the major factors
involved in ceramic superplasticity and
their interrelationships. Within this ~ontext,
we have atteripted to critically assess the
most significant results in the hterature of
ceramic superplasticity, and to provide an
overview of the highlights of our own &f-
fort in this area. The intimate and compli-
catad structure-property-processing
relationships in this class of ceramics,
which must have an ultrafine m.crostruc-

FORMING TIME (Min.)

Fig. 1. Superplastic forming temperatures and times of structural ceramics Hemisphercal punch with a 6 5-mm radius was used to stretch the
initially flat, 1-mm-thick disks into the shape shown Surface finish was excellent and glossy for silicon nitnde. zirconia, and z.rconia-rich composites
Surface of alumina, although free of visible defects, appeared dull Under optimal conditions, forming operation can be completed at even lower

temperatures and shorter times

.
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ture achievable through a judicious crys-
tal structure selection or a second-phase
addition, form the subject of Section I! of
this paper. Deformation characteristics
and methods for evaluating formability are
described in Sections Il and IV to provide
further insight into this active research field.

il. Materials Considerations

In developing superplastic ceramics,
high deformation rate and high ductility
are the prnmary objectives. Practical con-
siderations further dictate that these
properties should be achievable at the
lowest temperature possible. The basis of
materials considerations concerning a
high deformation rate and a low deforma-
tion temperature lie In the consititutive
equation of superplastic flow, which can
be expressed in the following form:2

¢=Ao"ldP (1)

where ¢ is the strain rate, o is the stress,
dis the grain size, n and p are stress and
grain-size exponents, respectively, and A
is a temperature-dependent, diffusion-
related coefficient which can be expressed
in an Arrhenius form. For superplastic ce-
ramics, » and p are typically between 1
and 3. Therefore, a high deformation rate
and a low deformation temperature can
be achieved by the following steps.

() Lowenng grain size: Grain-growth
control can be achieved through low-
temperature sintering and the use of ad-
ditives;23 present practice has found a low-
er limit of approximately 200 nm for the
grain size i bulk ceramics such as TZP,
alumina, siicon nitnde, and their compos-
ites. Microstructures of some selected
superplastic ceramics are shown in Fig. 3.

(i) Increasing lattice diffusivity, grain-
boundary diffusivity, or introducing a grain-
boundary liquid phase as a fast diffusion
path: The forming temperature of Y-TZP
has been lowered from 1350° to below
1200°C with the additon of a small
amount of transiton-metal oxides which
segregate to grain boundaries.24 in stlicon
nitnde, a liquid phase 1s also present which
facihtates deformation,20.21

Although these twc steps are neces-
sary, they are not sufficient for achieving
superplasticity in a given ceramic for the
following r-asons. First, In many instances
the fine-grained microstructure proves to
be unstable vnder supeiplastic deforma-
tion; 1.e., dynami:. grain growth may take
place. Thus, a fie iniial microstructure
provides little ass.rance of the formability
of a ceramic. Second, falures of super-
plastic ceramics appear to be of a bnttle
intergranular type which 1s not preceded
by extensive necking, unlike most super-
plastic metals and alloys Thus, a high co-
hesive strength at grain boundanes is
crucial for achieving high ductility without
fracture. Additives for grain refinement or
a grain-boundary liquid must be carefully
selected so that a high grain-boundary
strength 1s not compromised

Fig. 2. Structure-property-processing relationships in superplastic ceramics for structural ap-
plications.

Fig. 3. Scanning electron microscopy micrographs of ultrafine grains of superplastic ceram-
ics (a) 2Y-TZP (b} alumina, (c) silicon nitride, ar.d (d) 2Y-TZP/alumina at equal volume fraction
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Prior to the recent discovery of ceram-
ic superplasticty, there was little appreci-
ation or understanding of these aspects
in the ceramic field. Therefore, the intial
attempts at microstructural and micro-
chemical tailoring of superplastic structural
ceramics demanded considerable empiri-
cism. Over the last two years, however,
intensive studies on superplastic zirconia
and the development of superplastic aiu-
mina and silicon nitride collectively provid-
ed an extensive body of knowledge on the
problems of dynamic grain growth and
grain-boundary cohesive strength. They
also shed some light on related aspects,
such as grain-boundary chemistry, grain-
boundary mobility, grain-boundary ener-
gy, and their relation to deformation and
fracture of ultra-fine-grained ceramics.

This knowledge can now be used to for-
mulate some useful and self-consistent
guidelines to direct future materials design
for superplastic applications. In the foliow-
ing sections, overviews of this knowledge,
and the insights dzrived thereby, are sum-
marized for each class of ceramics to
better elucidate the processing-structure-
forming relationships outlined in Fig. 2.

(1) Zirconia Ceramics

Tetragonal zirconia polycrystals, con-
taining 2 to 4 mol% yttria, have been
reported to be superplastic at tempera-
tures above 1300°C, 2 beginning with the
work of Wakai et al. on 3Y-TZP.11.26-28 For
more than a decade, we have known that
yitria-stabilized tetragonal zirconia has a
characteristically fine-grained microstruc-
ture?? (see Fig. 3(a)), which is relatively
uncommon among ceramics. The need
for maintaining a submicrometer grain
size was initially motivated by the pursuit
of transformation toughening.2#-31 Ultra-
fine grains are required to avoid spon-
taneous tetragonal-to-monoclinic
transformation, for which nucleation statis-
tics are grain-size dependent.32 The sub-
sequent use of this material as a tough
and strong ceramic (K¢ above 5
MPa-m1/2 and strength exceeding 1200
MPa)® has stmulated the industry to pro-
vide powders of an excellent sinterabili-
ty. These commercially available powders
can be readily processed to obtain dense
ceramics with a grain size ranging from
0.3 t0 0.5 um, sufficiently fine to allow su-
perplasticity above 1350°C. It is for this
reason that 3Y-TZP has become almost
the universal choice for demonstrating ce-
ramic superplasticity in the last few years,

The relatively good charactenistics of
zirconia powders contribute to their ex-
cellent sinterability and microstructure.
The question then becomes, ''is there an
intrinsie explanation, if any exists, for the
very fine grain size observed?’'34 A relat-
ed question is whether there I1s an intrin-
sic cause for the emergence of Y-TZP as
an excellent superplastic ceramic. We be-
lieve that the answers to both questions
have now been given The primary attrib-
utes of Y-TZP as a fine-grained superplas-

4
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tic ceramic are closely related to the
strong segregation of solute cations to the
grain boundary, which lowers the grain-
boundary mobility and the grain-
boundary energy.35 A secondary advan-
tage of TZP appears to be its ability to
contain a glassy grain-boundary phase,
which facilitates sintering and deforma-
tion without compromising microstruc-
tural stability and grain-boundary
strength.

Direct evidence for Y3* segregation at
TZP grain boundaries has been provid-
ed by X-ray photoelectron spectroscopy
(XPS) of intergranularly fractured speci-
mens.3 Similar segregation and grain-
growth studies on the effects of other
cations have revealed a general trend:
divalent and trivalent cations are enriched
at the grain boundary, whereas tetrava-
lent and pentavalent ones are not. Only
the former can suppress grain growth.
The effectiveness of the dopants Ca?*,
Mg?*, Y3, Yb3*, In3*, Sc3*, Cet*, Ti4*, Ta®*,
and Nb#* in suppressing grain growth
ranks in the order listed from most to least
effective. This sequence can be rational-
ized if it is recognized that the grain
boundary in TZP is positively charged3e
and that larger cations diffuse more slow-
ly.37 A schematic diagram illustrating the
trend for grain-boundary mobility is
shown in Fig. 4. Essentially, from the
charge consideration, cations of a va-
lence lower than 4+ are expected to
form a space charge cloud38 around the
grain boundary, more so for Ca2* and
Mg2* than for Y3* and other trivalent ca-
tions. Tetravalent and pentavalent cations
are not expected to segregate for the
same reason. From the size-diffusivity
consideration, the solute drag of the larg-
er cation is expected to be more effec-
tive, i.e., Ca2* more than Mg?*, and Y3
more than Yb3*, In3*, and Sc3*, in that or-
der. Yttrium cations, being trivalent and
oversized, with a relatively large (2.5
mol%) solubility in zirconia, thus serve as
a rather effective solute in suppressing
grain growth dunng sintering. it is for this
reason that fine-grained Y-TZP is readily
obtainable under nearly all processing
conditions.,

A comparison cf the grain-boundary
mobility of 2Y-TZP, 12Ce-TZP, 12Ce-TZP
with 0.3 and 1 mol% calcia, and 8Y-CSZ
i{smadein Fig. 5. Compared with Y-TZP,
both Ce-TZP and CSZ have a much faster
rate of grain growth. Microanalysis of the
near grain-boundary region reveals little
solute segregation in Ce-TZP and 8Y-
CSZ. In the case of Ce-TZP, the mobility
of the grain boundary can be lowered
progressively by adding calcia, which
segregates strongly.2 Calcium, as not-
ed, 1s the most potent dopant for sup-
pressing grain growth in TZP, Therefore,
the observed effects are in accordance
with the space charge model.

Rap.d grain growth has been observed
in a nurnber of matenals that have been
superplastically deformed 1239-43 Accord-
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Fig. 5. Grain-boundary mobilty of TZP and CSZ plotted versus recipro- Slga 6. Stress-strain curves of TZP and CSZ. Initial grain sizes are

cal homologous temperature (T, 1s melting point).

ing to Eq. (1), grain coarsening during
deformation causes an increase of the
flow stress. The resultant strain harden-
ing 1s very pronounced, and it unmistak-
ably signals the occurrerice of dynamic
grain growth. To illustrate this, stress-
strain curves of 2Y-TZP, 12Ce-TZP,
12Ce-TZP with 0.3 and 1 mol% calcia,
and 8Y-CSZ are shown in Fig. 6. Among
them, 12Ce-TZP and 8Y-CSZ exhibit pro-
nounced strain hardening and grain
growth, but 2Y-TZP and Ce-TZP with 1
mol% calcia do not. (These tests were
performed in compression to minimize
the effect of cavitation or grain-boundary
cracking, which is quite severe in 8Y-
CSZ.) Comparing these results with Fig.
5, we further note that, even though the
addition of 0.3 mol% calcia is enough to
largely suppress static grain growth, it is
inadequate for suppressing dynamic
grain growth. it seems likely that, under
superplastic deformation, grain bound-
aries are able to break away from the sol-
ute cloud4 when oniy 0.3 mol% calcia
is present. Thus, although solute segre-
gation may still slow down dynamic grain
growth, in general, it does so less effec-
tively than that for static grain growin
In addtion to being susceptible to dy-
namic grain growth, 12Ce-TZP and espe-
cially 8Y-CSZ seem to cavitate easilv, even
when deformed in compression. This ob-
servation suggests that they have a low-
er grain-boundary strength than that of
Y-TZP. A higher gran-boundary energy in
8Y-CSZ than that of Y-TZP has been
reported based on dihedral angle meas-
urements in the two-phase tetragonal/cu-
bic zirconia ceramics3s (see Table | and
Fig. 7). Because the dihedral angle 1s de-
termined by the ratio of the interfacial ener-
gles, these data allow the calculation of the
relative energies of the tetragonal grain

um (8Y-CS2Z), 0.56 um (12 Ce-TZP with 0%, 0.1%, and 0.3% Ca),

0.3 um (12Ce-TZP with 1% Ca), and 0.21 um (2Y-TZP) Tendency for
strain hardening directly corresponds to the magnitude of grain-
boundary mobility shown in Fig. 5. (Stran rate 1s 1074 s~ except in the
case of 8Y-CSZ and 12Ce-TZP with 1% Ca where 3 x 1074 ™1 is used.)

Table |. Dihedral Angles and Interfacial Energies of Zirconia and Alumina

Dihedral angle, 8 (deg)

Interfacial energy, y

Ceramic St bilizer 0, 4 6 cc YoV Yrc/er_‘ K,
TZP/CSZ 4 mol% Y,04 134 97 1.7 1.3
6 mol% Y,0, 131 105 1.5 1.2
6 mol% Y,05* 134 107 1.5 1.3
5.5 mol% In,04 136 95 1.8 1.3
5 mol% Sc,0, 140 113 1.6 1.5
R 0'3 [ 6, aa Yaal Vit Yat /Yn
Alumina/zirconia  Alumina/2Y-TZP 136 90 1.67 1.18
6; cc 6 aa YaalYec YadlYae
Alumina/zirconia  Alumina/8Y-CSZ 114 96 1.23 1.34

*0 1 mol% Mn304 also added

boundary (ys), cubic grain boundary
(vee), and tetragonal/cubic phase bound-
ary (y,). This gives yyyeiyee=1:1.3:1.6.
(Similar correlations have also been ob-
served in alumina and s phase bound-
aries with zirconia, as will be discussed in
the next section.) This correlation suggests
that an added benefit of solute segrega-
tionin Y-TZP 1s the lowering of the grain-
boundary energy, which could, in turn,
have the effect of increasing the cohesive
strength of the grain boundary. If this
correlation extends to other zirconia ce-
ramics, it also follows that, because they
lack solute segregation, both 8Y-CSZ and
12Ce-TZP have higher grain-boundary
energles and thus lower cohesive
strengths.

To enhance the diffusivity and lower the
deformation resistance of zirconia ceram-
ics, additives which segregate to the grain
boundary and which possibly form a
grain-boundary low-melting phase can be

quite effective. Transition-metal OxideS  peEEEG————EEEEE——————
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Fig. 7. Relationship between dihedral angles and interfacial energies (a) tetragonal grain (T)
surrourded by cubic grains (C) in 6 mol% yttria/zirconia, indicating y>yc and (b) cubic grain
(C) surrounded by tetragonal grains (T) in 4 mol% yttria/zirconia, indicating yy<yic
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Fig. 8. Stran rate versus stress of TZP with 0 3 mol% of cation addi-

tive as shown, Base composition contains 2 mol% yttria and 1s denot-
ed by 2Y

(Sc, Ti, Nb, Cr, Mn, Fe, Co, Ni, Cu, and
Zn) &t 0.3 mol% have been investigated
for this purpose.*5 Of the above, Mn, Co,
Ni, and Zn were found to lower the sin-
tenng temperature and lower the grain
size; Cu was found to lower the sintering
temperature but shightly increase the
grain size; and Sc¢, Ti, Nb. and Cr did not
aid sintening. Deformation data for 2Y-
TZP with vanious dopants, sintered and
tested at 1250°C, are shown in Fig. 8. Fig-
ure 8 shows that Mn, Fe, Co, Cu, and Zn
lower the flow stress, with Cu being the
most effective. Segregation of these lat-
ter elements to the grain boundary was
confirmed by XPS. Additional studies of
the Cu-doped 2Y-TZP further established
the formation of a grain-boundary liquid
phase around 1130°C, although, even
before melting, the grain-boundary phase
had already facilitated deformation by en-
hancing diffusivity.24 In all cases, ductili-
ty of the ceramics, as well as other
important mechanical properties
(strength, toughness, hardness, and sta-
bility against mosture), was not impaired
by the small amount of additives.

Note that zirconia ceramics usually
contain a ceratin amount of Si impurity,
which is localized at the grain bound-
aries.*8 A ternary eutectic between zirco-
nia, yttna, and silica exists at 1350°C.
Most likely the addition of Mn, Fe, and Zn
has lowered the eutectic temperature. In
the case of Cu, it is reported that a binary
eutectic of copper(ll) oxide {(or copper(l)
oxide) and zirconia lies between 1100°
and 1150°C, depending on the oxygen
potential.47 This report is consistent with
the better sinterability and superplastic
formability of this class of ceramics;
namely, “‘undoped” Y-TZP becomes su-
perplastic above 1350°C, doped Y-TZPs
are superplastic at 1250°C, whereas Cu
doping lowers the forming temperature
further to 1150°C.

It 15 remarkable that all Y-TZP ceram-
Ics ae superplastically formable, as
demonstratea in iy. 1 ‘Formability will
be discussed in more detarl 1 Saction IV.)
Apparently, there is no loss of grain-
boundary strength despite a thin grain-
boundary layer of amorphous or even |-
quid phase, which is the result of unin-
tended source/process contamination or
dehberate doping. In this context, note
that the charactenistic dihedral angles
measured at triple points between van-
ous zirconia phases are always quite dis-
tinct (Fig. 7). This distinction indicates that
their respective interfacial energies are
well-defined. We then conclude that the
presence of a thin grain-boundary phase
in Y-TZP ceramics does not dispel the
classical notion of interfacial and ike ener-
gles,3 and that even '‘contaminated”
grain boundaries can have excellent
strength and cawvitation resistance.

Thus, the following major conclusions
concerning superplastic matenal de-
velopment can be made from zirconia
studies
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) The selection of an appropriate crys-
talline phase is often important for achiev-
ing an ultrafine grain size in single-phase
ceramics. Tetragonal zirconia is a superi-
or superplastic ceramic whereas cubic
zirconia is not.

(i) Both static grain growth and dy-
namic grain growth are closely related to
the grain-boundary mobility. In tetragonal
zirconia, segregating dopants are much
more effective in suppressing static grain
growth than dynamic grain growth.

(iii) Solute segregation has an added
benefit in lowering grain-boundary ener-
gy and, correspondingly, strengthening
the grain boundary.

{iv) The grain-boundary amorphous
second phase, containing Si, Zr, Y, O,
and most of ‘ne heavier transition-metal
cations of the third row, is very effective
in lowering the superplastic flow stress
and increasing the deformation rate with-
out lowering the grain-poundary cohesive
strength,

(2) Alumina

There have been several unsuccess-
ful attempts in the past to develop super-
plastic alumina.1648-52 However, the
tensile ductilities reported in these studies
were all much lower than that found in zir-
conia. Recently, we have succeeded in
superplastically stretching alumina
(doped with 200 ppm magnesia) to large
strains.«> A disk so formed is shown in
Fig. 1, anc 1ts microstructure is illustrat-
ed in Fig. 3(t.

Although large-strain superplasticity is
now possible, difficulties encountered in
the course of developing superplastic alu-
mina did provide valuable lessons to our
current thinking about superplasticity in
ceramics. These difficultias are related to
processing, the use of additives, and their
consequences on microstructural de-
velopment and superplastic charac-
teristics.

Unlike the case of Y-TZP, specia! atten-
tion must be paid to alumina powder
processing. Because sintering alumina
below 1300°C requires considerable skill
and effort,53 and grain growth above
1300°C is rather fast, only a very narrow
processing window is available for this ce-
ramic. The window may be widened
somewhat by the use of additives that
suppress grain growth, by hot-pressing,
and by improving powder processing to
allow densification at lower temperatures.
Unfortunately, we have found magnesia
ineffective in further lowering of the grain-
growth rate in very-fine-grained alumina
sintered below 1300°C. As for hot-
pressing, results of previous studies seem
to place a lower bound of about 1 um for
the grain size of alumina,43.50.54 which is
not fine enough for superplastic applica-
tions. Thus, low-temperature sintering 1s
the only alternative.

From a processing viewpoint, the main
obstacles for low-temperature sintering of
ceramic powders are hard agglomerates

in the powders and poor packing in the
green body.53.55.56 Powders often contain
hard agglomerates whish later sinter at
different rates and inhibit shrinkage of the
matrix by exerting a mechanical con-
straint. Poor packing of powders lowers
the green density, which often delays sin-
tering and leaves behind flaws.5¢ These
problems can largely be avoided by me-
ticulous handling of powders. This entails
breaking up hard agglomerates in the
starting powders, manipulating and con-
trolling interparticle forces in the colloidal
powder suspension, and direct consolida-
tion of the slurry into a green body using
colloidal pressing or pressure filtration
techniques.5é The resultant homogeneous
green compact, with a higher density and
fewer defects and agglomerates, has a
markedly improved sinterability. This can
facilitate low-temperature sintering and the
attainment of very fine microstructures.

Low-temperature sintering of pure alu-
mina at 1150°C has been reported using
special classified powders of a very fine
particle size.53 In this case, the grain size
at 99% of theoretical density is 0.25 um.
The yield of this type of processing, how-
ever, is too low for the purpose of labora-
tory testing of superplastic formability.
Using unclassified powders and colloidal
processing techniques, we have been
able to sinter pure alumina at a tempera-
ture of 1250°C. The microstructure of a
sintered pure alumina is shown in Fig.
9(a). The grain size is as fine as 0.5 um
and remains relatively stable during an-
nealing at temperatures below 1300°C.

Pure alumina of such a grain size has
a very low initial flow stress. However, it
faits to deform superplastically because
of rapid dynamic grain growth, which
causes strain hardening (see Fig. 9(b) for
the deformed microstructure and Fig. 10
for the stress-strain curve). Note that
grains of a larger size in the deformed mi-
crostructure tend to be elongated. This
is a general feature of grain growth in aw-
mina and may be attributed to the
anisotropy in grain-boundary energy.s7
Large grains of this type serve as stress
concentrators and potent nucleation sites
for cavitation, thus degrading the ductili-
ty. A higher deformation temperature only
exacerbates the problems, as shown in
Fig. 9(c).

A fundamental problem associated
with pure alumina is #s relatively high
grain-boundary energy. In addition to
providing a higher dniving force for grain
growth, the high energy may also cause
the grain boundary to have a relatively
low cohesive strength, according to the
argument advanced in the previous sec-
tion. The direct evidence for a higher
grain-boundary energy is once again
provided by dihedral angle measure-
ments, and the results are illustrated in Ta-
ble | and Fig. 11. in this case, an
alumina/zirconia two-phase microstruc-
ture 1s used to establish the ratio of the

Development of Superplastic Structural Ceramics 2591




2592

Journal of the American Ceramic Society—Chen and Xue

Vol. 73, No. 9

Fig. 9. Microstructure of pure alumina (a) as sintered at 1250°C, (b) deformed in compression at 1250°C (strain rate of 1 5x 1075 s™, total strain
of 0 3) with compression axis shown by hollow arrows and cawvities by solid arrows, and (c) same as (b) but deformed at 1400°C (strain rate ot
24x104 s -1, total stran of 0 68)

grain-boundary energies of alumina (yz5)
and zirconia (yy and yg) to the interfacial
energy between the two (y; and yu).
The ratio reveals that the grain-boundary
energy of alumina 1s even higher than that
of cubic zirconia, which is higher than that
of 2Y-TZP, as noted previously. The in-
terfacial energies follow the sequence
Yaar Yecr Yacr Yan Y. from highest to
lowest. As expected, pure alumina has
a high propensity for cavitation, even in
compression (see Figs 9(b) and (c)).
We have already mentioned magnesia
as an additive for grain-growth control.
Segregation of magnesia and other ad-
ditves in alumina is fairly well established
and has been atiributed to the elastic
energy due o a size mishit.58 Unlike zir-
conia, however, alumina has very litle

120
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€=10%s¢"
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@ 80
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=
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T
5 40
Alumina/magnesia
20 Alumina/2% hiquid
1050°C €=1.6x10*s"
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04 0.6 08
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Fig. 10. Stress-strain curves for alumina Stran hardening in pure
alumina and magnesia-doped alumina is due to dynamic grain growth
The eventual decrease In stress In pure alumina is a result of cavita-
tion Note that alumina with 2% hquid was tested at a lower temperature

solubility for most aliovalent cations. For
example, the solubility of magnesia at
1500°C 1s only 200 ppm.5® At such a low
concentration and at low temperatures
(below 1300°C), magnesia has an un-
noticeable effect on static grain growth.
However, dynamic grain growth can be
brought under control by the same
amount of magnesia. This can be ap-
preciated by comparing the stress-strain
curve of pure alumina and 200 ppm-
magnesia-doped aluminain Fig 10. The
relatively mild strain hardening of the lat-
ter is a direct consequence of the slower
dynamic grain growth in this matenial. As
demonstrated in Fig. 1, magnesia-doped
alumina can be superplastically stretched
to large strains.

Attempts have also been made to in-
troduce a low-melting iquid phase (such
as boron oxide and copper(ll) oxide) and
vanous charge-compensating dopant
pairs (such as Cu2* and Ti#*) to alumina
io lower the sintering and superplastic
forming temperatures. These ceramic
have very fine grains and they can be sin-
tered and deformed at temperatures
around 1050°C. The resultant stress-
strain curve Is shown in Fig 10. Howev-
er, deformation 1s accompanied by ab-
normal growth of some grains The cause
for abnormal grain growth in this case i1s
probably again associated with the
anisotropy of gran-hquid interfaces.
Moreover, the tensile ductiities are dis-
appointing for these specimens, reach-
ing only 15% These low ductiities
indicate a severely degraded gran-
boundary cohesive strength, which is fur-
ther compounded by the stress concen-
trations around abnormally large and
elongated grains

Thus, the following major conclusions
are made from the above data for super-
plastic alumina

(1 Because of its high and anisotropic
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grain-boundary energy, pure alumina is
weak along the grain boundary and is
prone to rapid, abnormal grain growth,
making it an inherently difficult choice for
ceramic superplasticity.

(i} The use of additives is less effec-
tive for alumina than that for zirconia bs-
cause of the limited solubilities of neerly
allthe cations. This results in the relative-
ly weak grain-boundary cohesion ob-
served in most cases to date.

(i) Although magnesia is not necessar-
ily needed for effecting low-temrerature
sintering, it does lower the grain-boundary
mobility in dynamic grain growth. This has
made large-strain superplastic stretching
possible,

(iv) Astheliquid phase lowers the flow
stress of alumina, it also facilitates abnor-
mal grain growth and probably lowers the
interfacial strength. Superplasticity of alu-
mina at low temperatures (below 1350°C)
thus appears urlikely, except in com-
posites.

(9) Sllicon Nitride

Two superplastic silicon nitrides have
been reported recently. A fine-grained sili-
con nitride/silicon carbide composite (20
witb silicon carbide) containing a variety
of other mixed phases was deformed in
tension to 1509 at 1600°C and a strain
rate of 4x10°8/s.2t Another silicon ni-
tride,20 shown in Fig. 1, was punch-
stretched at 1500°C. The microstructure
of the latter is shown in Fig. 3(c).

In ceramic alloy design, there is a close
analogy between silcon nitride and the two
other ceramics discussed in the previous
sections. Like zirconia, two polymorphs,
a- and B-silicon nitride, exist which trans-
form from one to the other by reconstruc-
tion. Both phases have a large range of
solubility. The a-phase solid solution can
be represented as M/, Sig-y-zAl.;0,Ng-x
and is commonly referred to as a '-sialon
in this form.80 Here M is a cation of a va-
lence n and of an appropriate ionic radi-
us. The p-phase solid solution can be
represented at Sig-,Al,O4Ns., and is re-
ferred to as #’-sialon in this form.8! Both
phases are derived from the respective
a- or p-silicon nitride unit cell by partial
replacement of Si¢* by Al3*, Valence com-
pensation is by substitution of N3- or Q2
and, in the case of a '-sialon, by additional
modifier cations occupying the interstices
of the (Si-Al)~(N,O) network similar to that
of the stuffed derivatives of silica.62 Simi-
lar to alumina, g'-silicon grains have a
strong tendency for anisotropic grain
growth at higher temperatures. They typi-
cally assume a needlelike morphology,
and the growth mechanism involved has
been identified previously.s3 In contrast,
a'-sialon grains tend to be smatll and
equiaxed over a wide range of tempera-
ture, even though its crystal structure 1s
highly anisotropic.80

To sinter both sialons, metal oxides are
cften added as liquid-phase sintering
aids.® This enhances densification and
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facilitates the conversion of the starting
powders to the final, alloyed phases of the
intended compositions. The amount and
the composition of the liquid, as well as
those of other phases, undergo continu-
ous changes as sintering and annealing
proceed.84 Because metal cations can be
incorporated into the a ’-sialon, it is theo-
retically possible to obtain a singfe-phase
a '-sialon without any remaining liquid
phase. This is not the case for g ’-sialon,
which has no solubility for any cations
other than Si4* and Al3*,

The superplastic silicon nitride shown
in Figs. 1 and 3(c) was designed to form
a '-sialon.20 A small amount of crystalline
yttrium aluminum garnet and a-silicon ni-
tride also exist in the final phase assem-
blage at 1500°C. The amount of the liquid
phase that exists during forming is rela-
tively small. This ceramic maintains an
equiaxed grain shape during superplas-
tic forming. Because of the very fine and
stable microstructure, this ceramic can be
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Fig. 11. Examples of distnbutions of dihedral angles between alumina and tetragonal zirconia
The peak values are given in Table | Also shown schematically is the relationship between di-
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deformed at a relatively low tempera-
tures. The presence of the liquid phase
lowers the flow stress still further. As
shown in Fig. 12, only a mild strain
hardening is apparent in superplastic
deformation. The deformed microstruc-
ture, containing mostly equiaxed, fine
grains, is shown in Fig. 13(a).

Wakai et /. took a different approach
to developing a superplastic silicon ni-
tride.21.22 They added silicon carbide to
silicon nitride in the hope that grain
growth would be suppressed. In addition,
they used an amorphous Si-C-N powder
to fabricate a hot-pressed composite in
the hope that the initial grain size would
be minimized. However, the composition

60
1600°C, 4x10%¢"
50 D
—
&
-3
g 30
é 20 1550°C, 3x10*s"
M -
1 A B: SiN, (Ref.20)
C.D: SigN, /SiC (Ref.21)
0
0.0 0.2 0.4 08 08 1.0
Strain

Fig. 12. Stress-strain curves of silicon nitrides, where, A and B are
mostly o -sialon deformed in compression,2° and C and D are mostly
B '-sialon with 30 voi% silicon carbide deformed in tension.2! Note that

A and B have much less strain hardening than C and D.

Fig. 13. (a) Microstructure of a deformed sihcon nitide containing mostly a *-sialon (bar =1 um)
Note similarity with Fig. 3(c) due to the absence of anisotropic grain growth (b) Microstructure
of a deformed silicon nitride containing mostly g '-sialon and 30 vol% silicon carbide (bar =1 um),
showing much grain growth during deformation.
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of this silicon nitride was such that
B'-silicon nitride was the predominant
phase, which began to develop an elon-
gated grain shape in fabrication.22 The
sintering aids added (yttria and alumina)
provided a considerable amount of liquid-
phase and other phase mixtures which
evolved with time. Although this silicon ni-
tride can be deformed above 1600°C,
strain hardening is prominent, possibly
because of the anisotropic grain growth
of p'-sialon.21.22 The higher deformation
temperature also dictates that a severe
weight loss occurs because of vaporiza-
tion of silica from the liquid phase, and
from nitrogen decomposition. Despite
these problems, a large tensile ductility
exceeding 150% was achieved, although
the weight loss has caused deterioration
of the surface finish.2! A comparison of
the stress-strain curves and deformed
microstructures of the above two super-
plastic silicon nitrides is shown in Figs. 12
and 13. It is evident that the flow stress
of a'-sialon is much lower than that of
B '-sialon/silicon carbide and that the mi-
crostructure of the former is much finer.

Thus, despite the substantially different
phase compositions, amounts of the li-
quid, strain-hardening rates, microstruc-
tures, and deformation characteristics,
large ductilities seem obtainable in sever-
al families of fine-grained silicon nitrides.
This suggests that the (Si, Al, O, N) liquid
present, partially modified by yttrium and
possibly other cations, is available for su-
perplastic stretching in that the liquid pro-
vides an adequate plastic deformation
stability and cavitation resistance to pre-
vent strain localization and fracture. Al-
though further research is required to
establish the optimum composition of the
liquid and the lower limit of its amount for
superplastic forming, these initial findings
and their implications are indeed en-
couraging.

The following major conclusions
regarding the development of superplas-
tic silicon nitride are made.

() Obtainable through judicious phase
and compositional control, equiaxed fine-
grained silicon nitride in the form of
a-silicon nitride and a '-sialon are resistant
to static and dynamic grain growth. In
contrast, g-silicon nitride and f'-sialon
are prone to anisotropic grain growth
during forming, particularly at higher tem-
peratures, which causes severe strain
hardening.

() The hquid phase in silicon nitride,
containing Si, Al, O, N, Y, and posstbly
additional cations, has adequate cohe-
sive strength to resist cavitation in super-
plastic forming.

(m) Siicon nitndes are excellent candi-
dates for superplastic forming at inter-
mediate temperatures, around 1500°C.
At higher temperatures, weight loss from
liquid vaporization becomes severe and
the surface quality deterorates.
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(4) Composites

Composites of zirconia/aluminaté.e5
and zirconia/muliite'7-18 have been inves-
tigated throughout the entire range of
composition. Y-TZP with up to 80 vol%
of alumina or mullite are superplastic and
have very good formability,® Pure alumi-
na is also superplastic, under optimal
conditions. Pure mullite has not been
made superplastic as of this date.

Compared with monolithic ceramics,
composites have the distinct advantage of
superior microstructural stability against
both static and dynamic grain growth. The
as-sintered composites usually have a
smaller grain size, even though they may
require a higher sintering temperature
than those of the monolithic ceramics
made of either constituent. In particular,
a duplex microstructure can be obtained,
i.e,, one in which two phases are of nearly
equal volume fraction and are both mul-
tiply connected. Known for its fine grain
sizes and excellent resistance against
coarsening, many such microstructures
have figured prominently in the historical
development of superplastic metallic al-
loys (e.g.. Pb-Sn and Zn-Al alioys, a-f
brass, o-f Ti alloys, and a-y stainless
steel).2 Duplex microstructures have also
been obtained for zirconia/muliite and
zirconia/alumina composites. An exam-
ple of the latter is shown in Fig. 3(d) with
a grain size of about 0.2 um. Sintered in
the temperature range of 1370° to
1480°C, these duplex composites can
maintain their very fine microstructures
even after large superplastic deformation,
provided that the deformation temper-
ature does not exceed the sintering
temperature.

Considerable microstructural stability is
already evident when the second phase
is present at a smaller volume fraction,
typically no more than 20%. This im-
provement is especially important for dy-
namic grain growth. A striking example
is encountered in alumina with zirconia
inclusions. Although fine-grained pure
alumina is subject to rapid dynamic grain
growth, its grain size remains largely sta-
ble during superplastic deformation when
10 vol% zirconia is added. This addition
of zirconia also suppresses (or eliminates)
strain-hardening behavior, as shown in
Fig. 10, thus improving the superplastic
formability of this material.

From a microstructural control view
point, there is an important relationship
between the matrix grain size and the size
or amount of the second-phase particles.
Since the early work of Zener,8 the
particle-pinning effect has been of con-
tinung interest. Superplastic ceramic
composites offer an opportunity to reex-
amine this effect in ultra-fine-grained ce-
ramics. According to the analysis of
Hellman and Hiltert,87 the matnx grain
size, d, i1s 1.8 times that of the particle size,
r, normalized by the cube root of the
volume fraction, v. This I1s equivalent to

having 6 pinning particles, on average,
for every grain. In this model, yrains are
pinned in three dimensions by particles
residing on grain corners.

Data from fine-grained zirconia/mullite
and zirconia/alumina, for a volume frac-
tion of the second phase between 1%
and 15%, are plotted in Fig. 14 to evalu-
ate this prediction. Although some scat-
tering does exist, these data can be
reasonably correlated by the following
equation:

d=ar/\V’3 @

where a is about 0.75. This is equivalent
to having 0.4 of a pinning particle for ev-
ery grain. Since Hellman and Hillert's
model assumes equilibrium and the
prediction is for the limiting grain size, it
is expected that the mode! has severely
underestimated the pinning effect. This I1s
especially so when low-mobility grain
boundaries dominate, as should be the
case in the best superplastic ceramics.
From a practical point of view, the indi-
cation of a much stronger pinning effect
than their model has suggested is certain-
ly encouraging.

The beneficial effect of a second phase
on coarsening stability is largely lost when
a significant amount of liquid phase is
present. For example, adding silicon car-
bide to silicon nitride appears to have lit-
tle effect on the growth of g '-sialon grains
{Fig. 13(b)), which assume a characteristi-
cally elongated shape.?' Growth of
B '-sialon grains probably proceeds via a
solution-reprecipitation mechanism
through the liquid phase aided by phase
conversion in these ceramics.83.¢4 Be-
cause particle coarsening is only weakly
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dependent on the volume fraction of the
particulate phase itself,88 the presence of
another inert inclusion phase (silicon car-
bide) is not expected to have a major ef-
fect on the coarsening of silicon nitride.
Experimental observations of considera-
ble strain hardening in this material (see
Figs. 12(c) and (d)), as well as the de-
formed microstructure reported (Fig.
13(b)), are consistent with the above ex-
pectation.

The following major conclusions re-
garding the development of superplastic
ceramic composites are made.

() As in metals, ceramic composites
with a duplex microstructure are essen-
tially stable against static and dynamic
coarsening at temperatures below that for
sintering. These composites are excelient
superplastic ceramics.

(i) Composites with a modest amount
of second phase gain considerable sta-
bility against static and dynamic grain
growth. Thus, the grain size remains small
after sintering and during forming and the
material becomes superplastic. In alumi-
na, for example, particle pinning renders
the composite superplastic whereas pure
alumina is not.

(i) When grain growth occurs by Ost-
wald ripening via solution, diffusion, and
reprecipitation through a liquid phase,
static and dynamic grain growth cannot
be suppressed merely by the introduc-
tion of second-phase inclusions. Unless
the primary phase is itself stable against
coarsening, these composites have only
a limited capacity for superplastic defor-
mation.

iil. Deformation Characteristics

Although there is general agreement
that deformation mechanisms in super-
plasticity are similar to diffusional creep,?
definitive identification of specific mech-
anisms has not been successful. Reviews
of data from superplastic metals reveal
that, in several important aspects,
superplasticity2.4-7 differs from diffusion-
al creep.38 First, the grain shape change
after large deformation is remarkably
small, contrary to that envisioned in diffu-
sional creep models. Second, the contri-
bution from grain-boundary sliding is
unusually large, compared with diffusion-
al creep. Third, the stress and grain-size
exponents are often substantially differ-
ent from the prediction of simple diffusion-
al creep models. These discrepancies
have motivated several models which
modify the conventional descriptions of
diffusional creep for superplastic applica-
tions. In particular, concepts such as
grain switching,4 grain rotation® and
grain-shape transformation® have been
introduced, and the enhanced roles of
grain-boundary shding and grain-
boundary migraton have been pro-
posed. Some also enwvision an interplay
of diffusional processes and (grain-
boundary or lattice) dislocation process-
es.89.70 Despite these efforts, such
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models are largely qualitative and fail to
quantitatively account for the observed
deformation rate of superplasticity.

This state of the art dictates that the
present discussion of deformation
characteristics should be confined to
comparisons based on the phenomeno-
logical constitutive equation (Eq. (1)). In
the following, an analysis of the stress,
grain size, and temperature dependence
of deformation for several superplastic ce-
ramics is first presented. The effect of a
second phase is then rationalized based
on continuum mechanics models and on
interface-related considerations. Finally,
the origin and the effect of dynamic grain
growth on deformation characteristics are
explored. We postpone the discussion of
fracture to Section IV where superplastic
formability is assessed.

(1) Stress, Grain Size, and
Temperature Dependence

Our discussion of the stress, grain size,
and temperature dependence in ceram-
ic superplasticity is concentrated on 2Y-
TZP and alumina, where the best and
most complete data are available. Al-
though 3Y-TZP has been widely studied,
it contains some cubic grains which tend
to grow larger in size over time, making
& definitive analysis of the deformation
characteristics more difficuit. For compar-
ison, diffusional creep data of Y-CSZ will
also be reviewed.”1-74

In the absence of any intentionally ad-
ded liquid phase, data for 2Y-TZP from
different studies?2.17.24.75 are in reagona-
ble agreement with each other when ex:
periments conducted under similar
deformation conditions are compared
(see Fig. 15(a)). No significant grain
growth is evident in 2Y-TZP at lower test
temperatures. The stress exponent
ranges from 1.5 to 2, and is independent
of temperature. Wakai has also reported
an increasing stress exponent with
decreasing grain size,12.78 a trend simi:
lar to the one observed in alumina.54 Data
ilustrating this trend, commonly associat-
ed with interface-controlled diffusional
creep,54 are compilad in Fig. 16 and are
discussed later. This trend is less obvious
at higher stresses and strain rates. The
grain-size exponent of 2Y-TZP ranges be-
tween 1 and 3, according to the various
reports in the literature. However, be-
cause the stress exponent can itself be
a strong function of the grain size, the
grain-size exponent may appear higher
at higher stresses.

The above observations are analogous
to fine-grained superplasticity in metals
and alloys and are generally incompati-
ble with dislocation creep. The following
considerations further rule out dislocation
creep as a major mechanism in ceramic
superplasticity. Flow stress for dislocation
motion I1s strongly dependent on the sol-
ute content in zirconia ceramics.’ If the
available flow stress data of Y-CSZ76 are
extrapolated to lower yitrium content, as

%,
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appropriate for Y-TZP, they are still much
higher, by 1 or 2 orders of magnitude,
than the superplastic flow stress shown
in Fig 15(a). This argument is also rein-
forced by the independent observation!?
that the anticipated dislocation spacing
A, which should follow a universal scal-
ing law,”” A = 2bG/e, much exceeds that
of the zirconia grain size in most cases,
especially at higher temperatures. In this
scaling law, G is the shear modulus and
b is the Burgers vector. The size of sub-
grains, if they do exist from regrouping
of dislocations, would be even larger.?”
Thus, lattice dislocation activities are not
likely to be significant in superplastic zir-
conia, except at very high strain rates.

In the literature of superplastic metals
and alloys, transitions between deforma-
tion regimes signified by a change of the
stress exponent are well documented.?
In contrast, the transition from the super-
plastic regime (referred to as regime l in
the superplasticity literature)? to a dislo-
cation regime (regime Iil) is rarely seen
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in ceramics. This is primarily due to the
fact that most ceramics do not have suffi-
cient strength to resist fracture before the
high flow stresses required for the transi-
tion can be reached. Moreover, no
threshold stress (regime ) is evident in ce-
ramics, at least over the stress range thus
far investigated. Thus, ceramic super-
plasticity, as typified by the data shown
in Fig. 15(a) for 2Y-TZP, apparently lies
entirely in regime H.

The temperature dependence of Y-TZP
follows an Arrhenius behavior, character-
ized by an activation energy ranging from
530 to 630 kd/mol.12.17.24.75 This value is
somewhat higher than the activation ener-
gy of cation lattice diffusion in cubic zir-
conia.3” However, no diffusion data are
currently available for any tetragonal zir-
conia. Note that activation energies for
grain-boundary mobility of a variety of
TZP, shown in Fig. 5, which is probably
rate limitad by lattice diffusion of cations
in the space charge cloud, are also
higher than the activation energy of ca-
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temperature T* and a reference grain size d* using values of grain-size exponent p and activation energy Q, as shown. Very good agreement
between different data sets 1s apparent. (b) Relationship between strain rate and stress for Y-CSZ Grain size for Ref. 71 1s 17 um, Ref 72is 17.5
um, Ref. 73 1s 29 um, Ref 20 15 0.48 um, and Ret 74 is 2.6 ym, 3 5 um, and 4 2 um for 1450°, 1500°, and 1550°C, respectively. Compositions
of ytina are indicated as well. When the data are normalized, as in Fig 15(a), they fall on asingle lne Data of the fine-grained Y-CSZ are compara-
ble to those of 2Y-TZP, shown in Fig. 15(a).
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tion lattice diffusion in cubic zirconia,36
However, a nonlinear stress dependence
and the possibility of interface-controlled
creep preclude a definitive interpretation
of the activation energy.

Although deformation mechanisms of
superplasticity are similar to diffusional
creep, circumstances for interface-
controlled deformation may arise when
grain boundaries do riot act as perfect
sources and sinks for vacancies or they
do not slide or migrate freely.”® In this
case, the strain rate may increase non-
linearly with stress, and sometimes the
materials may even exhibit a threshold
deformation stress. For example, inter-
face reactions involving dislocation glide
or climb result in a quadratic dependence
of strain rate on stress,” whereas those
involving nucleation may show an ex-
ponential dependence on stress.8® At
smaller grain sizes, when diffusional
creep is too fast to be ecualed by inter-
face reactions, the nonlinear stress de-
pendence should be accentuated. Solute
segregation or particle pinning may also
hinder diffusional creep by restricting
grain-boundary sliding or migration,
which is generally necessary for grain-to-
grain accommodation. Similar circum-
stances for interface-controlled deforma-
tion may arise when a grain-boundary
liquid is present.8

A detailed study of 2Y-TZP containing
a copper-rich grain-boundary phase has
demonstrated the transition behavior be-
tween various mechanisms.2¢ The stress
exponent, grain-size exponent, activation
energy, and the effect of the amount of
copper(ll) oxide, have been determined.
From these data, it has been conciuded
that, in undoped 2Y-TZP, deformation is
controlled by grain-boundary diffusion. In
doped 2Y-TZP, below the eutectic tem-
perature, deformation is controlled by

.
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diffusion along the copper-rich grain-
boundary phase and is dependent on the
amout of copper(ll) oxide. Above the eu-
tectic temperature, deformation is still en-
hanced by the liquid present, although
the strain rate is now limited by interface
reactions and independent of the amount
of the liquid phase. The stress exponent
increases and the grain-size exponent
decreases when grain-boundary melting
occurs. As shown in Fig. 17, this transi-
tion is rather abrupt and serves as a good
indicator of the presence of a liquid-phase
effect in superplastic ceramics, whereas
the more gradual rise above the melting
point can be attributed to interface reac-
tions. A similar increase of the stress ex-
ponent with temperature cccurs when a
liquid phase is present in alumina. For ex-
ainple, when 2% liquid is added to pure
alumina, n increases from 1.1 at 1050°C
to 1.5 at 1150°C, as shown in Fig. 17. The
deformation rate is enhanced greatly by
the liquid (Fig. 10). Once again, interface
reactions are suggested as the rate-
limiting deformation mechanisms.
Substantially similar deformation char-
acteristics have been observed for 3Y-
TZP, although data from various reports
are slightly more scattered.2.25°28 This is
not surprising because of the composi-
tional variations of commaercial powders
from different sources. Carry has docu-
mented such compositional effects?® on
deformation behavior in two batches of
3Y-TZP, although further studies are still
required to identify the critical elements
(probably aluminum and silicon) which in-
fluence the flow stress and ductility. More
interestingly, even 8Y-CSZ appears to de-
form at rates similar to those of 2Y-TZP
at acomparable grain size and flow stress
despite the difference in solute concen-
tration and crystal structure.20 However,
in this case, superplastic deformation is

20 22
© Alumina
Q,?,R:'é'm @ 2Y.-TZP Rel. 75 20
18 o A 25-CSZ Ref. 74 e 2
r £
2 8
16 a
S 6
® % B
@ [
¢ 14 8
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n
' 12
1.0 10
0.1 1 10 100 900
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Fig. 18. Stress exponent versus grain size for three ceramics

Alumina/2% liquid
© 2Y-T2P/0.3% Cu
A 2Y-TZPN% Cu

1000 1100 1200 1300

Temperature (°C)

Flg. 17. Varation of stress exponent with test temperature Abrupt

increase tn 2Y-TZP at 1130°C is due to melting of the grain-boundary
phase. Metting ternperature of the liquid in alumina 1s considerably lower
Gradual nse above the melting temperature I1s attributed to interface
reactions in both cases
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quickly overtaken by rapid static and dy-
namic grain growth and cavitation. The
available data for other yttrium-stabilized
cubic zirconia of much larger grain sizes
and various compositions?t"74 are also
reasonably similar to that for 2Y-TZP
when extrapolated to comparable grain
sizes, These data are compiled in Fig.
15(b). Note also the tendency for the
stress exponents to decrease with in-
creasing grain size, as shown in Fig. 16,

THe analysis of stress, grain size, and
temperature dependence of the deforma-
tion data for fine-grained pure alumina,
except perhaps at the lowest testing tem-
perature, is complicated by dynamic
grain growth. At higher temperatures,
static grain growth also becomes promi-
nent and adds to the complexity. How-
ever, it the initial strain rate values of
fine-grained alumina'3 are compared with
the extrapolated values from larger-
grained alumina reported in the litera-
ture,84.82 then the values are generally in
reasonable agreement as shown in Fig.
18. It may also be concluded from Fig.
18 that, when magnesia is intentionally
added, it anhances the strain rate by a
factor of 3 to 4 at most. Fortuitously, the
flow stress of alumina happens to be of
the same order of magnitude as that of
Y-TZP and Y-CSZ of a comparable grain
size. The activation energy ranges from
450 to 530 kJ/mol,13.84.82

At a grain size of 0.5 um and tempera-
tures between 1250° and 1400°C, defor-
mation of alumina at low flow stresses is
probably controlled by cation diffusion
along the grain boundary, limited by in-
terface reactions.54 As evidence, the
stress exponent is around 2 and
decreases with increasing grain size as
shown in Fig. 16, which is consistent with
the interpretation of interface reaction-
controlled mechanisms. The interpreta-
tion of interface control in alumina is giv-
en further credence by the effect of a
small amount of grain-boundary precipi-
tates. When 1000 ppm of insoluble zirco-
nia is added to an otherwise pure
alumina, the creep rate is severely sup-
pressed by a factor of about 20.82 Zirco-
nia inclusions/particulates also raise the
activation energy to around 750 kJ/mol,
which is comparable with that found in
alumina/zirconia composites.ss:82 Thus,
although pure alumina deforms at about
the same rate as 2Y-TZP of a compara-
ble grain size, alumina may be consider-
ably hardened in a zirconia/alumina
composite. This is indeed the case, as
discussed in the next section.

(2) Effect of a Second Phase

The effect of a second phase on super-
plastic deformation has been investigat-
ed using 2Y-TZP/mullite'?.1® and
3Y-TZP/alumina'e.65 as model systems.
Muliite composition in these studies is off-
stoichiometry, being rich in Al%*, to main-
tain an equiaxed grainfinclusion shape.
In both cases, there is little mutual solu-

10
8 Ref. 54 (0.25% MgO) 1400°C
" B Ret. 54 1350°C
10 ARef. 82 :
= @ Ref. 82 (1000 ppm Zr0,) :gggog
KO ORef. 13 : 337028
)] o
g 1259*%
1228°C
§ 1 1217°
= 1192°C
@ i 1418°C
107 1250°C

1250°C

Alumina

Normalized strain rate (s™)

10
T*=1300°C
.7 d '-0.5 p,m
10 p=2
Q=500 kJ/mol
1 10 100 1000
Stress (MPa)

Fig. 18. Strain rate versus stress of alumina. Grain size for Ref, 54
is 1.25 um for both pure and magnesia-doped material, Ref. 82 is 0.96
um without zirconia and 0,59 um with zirconia, Ref. 13 is 0.51 um. Range
of data for ditferent forming conditions is indicated in the upper figure
by the symbols at the two ands of each line. Grain sizes cited here are
1.56 times the average linear intercep! distance between grain bound-
naries. Data are rep?otted in the lower figure after normalization to a
reference temperature T* and a reference grain size d* using values
of grain-size exponent p and activation energy @, as shown. Very good
agreement between different data sets is apparent.

bility between constituent phases at the
sintering and deformation temperatures.
These composites are all superplastic,
and may serve as model systems of a soft
matrix (TZP) containing equiaxed, and
presumably harder, inclusions (mullite
and alumina). The particle shape sffect
of nonequiaxed hard inclusions on super-
plastic flow has also been considered in
the literature!? but will not be further pur-
sued here.

An essentially insoluble second phase
can have two effects on deformation re-
sistance of a fine-grained ceramic: (a) a
modification of continuum deformation
mechanics and (b) a change in interface-
related deformation characteristics. The
first effect can be understood by continu-
um mechanics, in that the deformation re-
sistance of a composite may be
determined entirely by knowing the defor-
mation resistance of the constituent

phases, after computing the appropriate.  yssss——————————————
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stress and strain distributions in the two-
phase composite.® The second effect is
entirely microscopic, usually localized to
grain boundaries and interfaces between
phases, and arises from the aiteration of
the diffusion path, diffusion rate, and in-
terface reactions due to chemical or struc-
tural modifications of the interface itself or
of interfacial phases. Although the con-
tinuum effect becomas significant only at
a substantial volume fraction—for exam-
ple, 20983 of the second phase—the
microscopic effect can be very pro-
nounced with only a trace amount of ad-
ditives. Both effects have been observed
in superplastic ceramics, and in some
cases concurrently, as will be discussed
later in this section.

At 1350°C, the flow stress of muliite is
2 orders of magnitude higher than that
of 2Y-TZP of a comparable grain
size,17.18.84 Hance, mullite inclusions in
2Y-TZP can be considered rigid. For such
a composite, a continuum model, which
pictures the composite flow as a non-
Newtonian fluid containing rigid particu-
lates, is appropriate.®17 The prediction of
this rheological model is

E=éo(1 - V)22 (3)

where v is the volume fraction of the rig-
id inclusions, &g is the strain rate of the
reference matrix (taken as the one with
an identical grain size but without inclu-
sions), and ¢ is the strain rate of the
composite. Experimental data for 2Y-TZP
containing up to 80 vol% mullite, shown
in Fig. 19, are in very good agreement
with this model if mullite is considered to
be a rigid, included phase.

\

Normalized strain rate (s™)
a
1

\

0 20 40
Amount of mullite or alumina (vol%)

TZP/muliite (1350°C, 70 MPa)

TZP/alumina (1250°C, 40 MPa)

Pure
alumina
—»
Alumina+1000
ppm zirconia
\Mullit_e_g

60 80 100

Fig. 19. Strain rate as a function of volume fraction of muliite or alu-
mina in two TZP matrices deformed at the same flow stress, Strain rate
data have been normalized, using the matrix grain size, to @*. Also in-
dicated on tha right are the strain rate of pure alumina, mullite, and

alumina with 1000 ppm zirconia, all at a comparable grain size. Two
solid curves are predictions of the rheological model, assuming that
mullite and alumina form rigid, equiaxed Inclusions. Data for TZP/

mul-

lite are from Re!. 18, and for TZP/alumina from Refs. 40 and 85.
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Deformation data for 3Y-TZP contain.
ing up to 70 voi9% alumina, shown in Fig.
18, are also well described by the rigid
Inclusion model. This is surprising, how-
ever, because pura alumina has a defor-
mation resistance comparable with that
of 3Y-TZP, as noted previously. This ap-
parent contradiction becomes explicable
if we also recall that even a little zirconia
impurity (1000 ppm) can severely reduce
the deformation rate of alumina, There-
fore, although pure alumina is no harder
than 3Y-TZP, alumina in a zirconia ma-
trix should behave similar to rigid inclu-
sions, consistent with the data in Fig. 19.
The continuum rheological model with
rigid, equiaxed inclusions has thus been
verified in superplastic flow of Y-TZP with
both mulfite and alumina as a second
phase.

The effect of a second phase on the
microscopic level is already exemplified
by the dramatic hardening of pure alu-
mina with a small addition of zirconia.82
Thig is most likely due to the suppression
of interface reactions or hindrance of
grain-boundry movement by intergranu-
far zirconia precipitates. Unlike alumina,
mullite does not experience such an
anomalous hardening effect caused by
zZirconia additions. On the other hard,
small additions of zirconia progrecsively
and substantially reduce the deformation
resistance of mullite, '8 as evident from the
data shown in Fig. 19, at near 160% mul-
lite compositions. This softening effect is
much larger than that expected from a
continuum model that envisions, in this
case, zirconia as fluidlike but equiaxed in-
clusions. Therefore, some microscopic
chemical or structrual effect on the grain
boundary which facilitates diffusion or
gliding is again implied.

(3) Dynamic Grain Growth

A perhaps unique mechanism pre-
dominant in superplasticity is dynamic
grain growth.88 Strong strain hardening
is evident whenever grain growth occurs
during superplastic deformation. This be-
comes significant in Y-TZP above
1450°C12.39.40 and in pure alumina above
1250°C.41-43 Strong strain hardening was
also observed in 12Ce-TZP and 8Y-CSZ
at temperatures as low as 1200°C.20 The
mechanistic origin of dynamic grain
growth is probably related to grain-
boundary migration.®® These mecha-
nisms are central features of superplastic-
ity and are necessary for maintaining an
equiaxed grain shape to large deforma:
tion straing, if grain-boundary migration
i8 stochastic, which is usual in grain-
boundary sliding,® and is not over-
damped by solute drag or particle pin-
ning, then it can lead to stochastic grain
growth by chance elimination of certain
grains in the process.8” Experimental
data confirming this interpretation can be
sought by writing the grain growth kinet-
ics in the following form:

d=Bdi 4
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where d is the rate of grain growth and B
is a proportionality constant that couples
the strain rate through grain-boundary
migration to the grain-growth rate. Thus,
dynamic grain growth follows the
equation

d=dp exp(Be) 6]

where dj is the initial grain size before
deformation.

Experiments deliberately conducted in
atemperatrue regime in which static grain
growth is negligible (but dynamic grain
growth is significant) have verified the
above prediction.20 Figure 20 illustrates
this behavior for several Ce-TZP ceram-
ics tested in compression under various
conditions. A linear correlation between
In (d/do) and ¢ is evident, giving a value
of B of the order of unity. These data
eventually deviate from the predicted lin-
ear relationship between Ind and e. A re-
view of the flow stress at the point of
deviation suggests that it is probably high
enough for vyielding by slip to occur.
When the latter becomes the dominant
deformation mechanism, grain-boundary
sliding, grain-boundary migration, and,
hence, dynamic grain growth diminish in
importance, and Eq. (4) is no longer val-
id because ¢ is no longer solely due to the
boundary phenomena.

Note that dynamic grain growth never
has been observed in coarse-grained (cu-
bic) zirconia?t-74 and alumina4 that were
deformed in the diffusional creep regime.
This strongly suggests that, although
diffusional creep also necessarily entails
grain-boundary sliding and perhaps
grain-boundary migration, the extent of
these activities is not as significant as in
superplasticity. Indeed, the sliding and
migration could be qualitatively quite

Development of Superplastic Structural Ceramics

different in nature in that grain switch-
ing,4! grain rotation,5 and grain-shape
transformation, € occurring in superplastic-
ity, do not seem important for diffusional
creep. Both considerations may dictate
that deformation-stimulated stochastic
grain growth is less likely in diffusional
creep than that in superplasticity.

Dynamic grain growth introduces
several complications to the stress-strain
curves and the parameters in the consti-
tutive equation (Eq. (1)). Using the rela-
tion between grain size and strain it is
possible to recast the standard constitu-
tive equation (Eq. (1)) into the following
form:

In o=(Bpin)e +In [(dopelA)'/) (6)

From Fig. 20 we find that B approaches
unity. lf we let pbe 2to 3 and n be 1.5
to 2, then Bp/n is between 1 and 2. Using
this form, stress-strain curves of Ce-TZP
and pure alumina (1250°C), which ali suf-
fer from severe dynamic grain growth but
no static grain growth, are replotted in
Fig. 21. Except for initial transients relat-
ed to the elastic portions of the stress—
strain curves, data in each branch appear
to have a slope of 2, as expected from
the above interpretation. For 8Y-CS220
and alumina at higher temperatures, stat-
ic grain growth is also prominent. This
causes a higher strain hardening initial-
ly. At the later stage, as static grain
growth decreases with increasing grain
size, the terminal slope then approaches
2 again. These features are evident from
their respective stress-strain curves, as
shown in Fig. 21. The later leveling-off
and the eventual drop of the flow stress
in alumina (1400°C) is due to cavitation
(see Fig. 9(c)).

Temperature dependence of deforma-
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Fig. 22, Dominant strain states of various su-
perplastic forming processes (see text for
references),

Fig. 23. (a) Schematic of punch-stretching
test used to evaluate sheet formability in biax-
ial tension (b) Punch-stretched 2Y-TZP with 0.3
mol% copper(il) oxide Note the excellent sur-
face finish and the groove around the dome
Formed in air at 1150°C in 10 min

tion may also be altered by dynamic grain
growth. At higher temperatures, dynam-
ic grain growth is faster because of a
higher grain-boundary mobility. This
causes increasing strain hardening and
lowering of the apparent activation
energy.

(4) Summary

In summary, deformation mechanisms
controlling superplasticity in fine-grained
ceramics are similar to diffusional creep
and are dominated by grain-boundary
diffusion. Very fine grain sizes and the fre-
quent presence of a grain-boundary
phase seem to cause interface reactions
to become the rate-limiting step in many
instances. The basic daformation charac-
teristics of a material can be altered by
the addition of a second phase, which
causes hardening or softening, and by
dvnamic grain growth, which causes
strain hardening. Semiempirical models
are available to describe the various
constitutive behaviors observed ex-
perimentally.

V. Superplastic Forming

(1) Formability Test

Many attempts have been made to
form zirconia and other ceramics into
shapes in the superplastic regime. The
following forming methods have bieen at-
tempted: uniaxial tension, uniaxial com-
pression, bending, extrusion, inverse
extrusion, and shell forming. These are
shown schematically in Fig. 22, which in-
dicates the dominant strain states of each
method. Some methods involve tensile
strain in one direction, such as uniaxial
tension and bending (D' and C88 in Fig.
22). Others are dominated by compres-
sion, such as extrusion and inverse ex-
trusion (F8® and G8? in Fig. 22). In the
shell-forming expenment (E in Fig. 22) of
Mocellin et al.,8® a balanced tension-
compression path was used. In bending
of a wide plate (B in Fig. 22) plane strain
tension I1s encountered. Forming methods
dominated by compression can also use
powder preforms to achieve densification
and shaping in one step, for example, in
sinter forging and extrusion.

To evaluate formability of superplastic
ceramics, a punch-stretching test (A in
Fig. 22) has been developed.? This test
was initially developed by metallurgists for
evaluating sheet formability of matals at
room temperature.3.91 Both mechanical
and practical considerations have estab-
lished that such a test I1s more severe and
informative than the conventional tensile
test for the above purpose, at least for
sheet-forming processes 391 In this test,
an initially flat ceramic disk was punched
at high temperature into a hat shape. The
forming conditions—.i.e., forming stress,
strain rate, and temperature required (o
successfully complete the operation—
then provide an indication of the forma-
bility of the ceramic. During forming, the

-
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disk was supportad at the rim and was
stretched over a hemispherical punch of
a radius of 6.5 mm. In some experiments,
to ensure that there was no drawing-in of
the matenial during subsequent stretch-
ing, a groove was first formed between
matching dies, and the disk was clamped
firmly, as shown in Fig. 23(a). The punch
was advanced at a programmed dis-
placement rate until a bulged dome of a
height equal to the punch radius was
formed. At this point, the surface area of
the dome is approximately twice that of
the base, corresponding to a biaxial en-
gineering strain of 100%.

Figure 1 shows a number of super-
plastically punch-stretched ceramics, with
their approximate forming temperatures
and times indicated. Generally, the ra-
quired forming time increases wits iower
forming temperatures. This trend is
shown by the three curves, which biroadly
outline the forming conditions for the
three groups of ceramics. Among them,
the zirconia ceramics with grain-boundary
additives have the lowest forming temper-
ature. Other oxide ceramics, especially
ones with higher alumina content,
required a higher forming temperature.
Zirconia/muliite composites behave simi-
larly, altough mullite has not yet been
made superplastic. In the case of silicon
nitnde, 1500°C was necessary for suc-
cessful punch stretching. Under the op-
timal forming conditions, 2Y-TZP with 0.3
mol% copper(ll) oxide additive can be
formed at 1150°C in 10 min.?¢ A speci-
men so formed is shown in Fig. 23(b). Ex-
cellent surface finish is obtained In all
cases, except alumina, by punch
stretching.

The strain distribution of the punch-
stretched object has been measured
using markers inscribed onto the surface
of the disk before forming.® This 1s shown
in Fig. 24, in which strains are expressed
as true strain. The slight depression
around the pole is due to friction between
the punch and the disk. A detailed anal-
ysis of the forming mechanics, which cor-
rectly predicts the strain distribution and
the forming load-displacement curve
measured expenmentally, has been per-
formed elsewhere.'9.90 To understand
these results and for an order of magni-
tude estimation, we may approximate the
punch-stretching test as pressure bulg-
ing from a circular disk to a hemispheri-
cal shell of the same radius. Because the
total engineering strain is 100%, the aver-
age strain rate is simply v, where t is
the total forming time. The forming pres-
sute f on the shell must satisfy the yield
criterion.

f=2YtR @

where Y is the flow stress in uniaxial ten-
sion at the appropriate strain rate, t1s the
thickness, and R 1s the punch/disk radi-
us This bulge pressure Is related to the
punch load P through
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P=FRef sin2 )]

where g is the half angle subtended by
the edge of the punch contact to the cen-
ter line. At the end of punch stretching,
when the height of the dome is equal to
the radius, g is 80° to 69° for t/R varying
from 0 to 0.1. Using Egs. (7) and (8),
forming pressure, flow stress, and aver-
age strain rate can be easily estimated.
For example, a typical forming stress for
doped zirconia was 20 MPa at 1200°C
and a strain rate of 3x 104 s, For sili-
con nitride, a forming stress of 10 MPa
was recorded at 1560°C and a strain rate
of 3% 1074 g™, For alumina, successful
punch stretching was achieved at
1450°C with 25 MPa and a strain rate of
3x 10 s,

Forming curves in terms of P/teR and
h‘R, asa funﬁtion of tin;’e.hwith to geing 0.0 0.2 04 0.6 08 1.0
the initial thickness and h the punch dis- .
placement, are shown in Figs. 25(a) and Distance from pole, /A
(b) for several materials formed under var- Fig. 24. Strain distribution on a punch-stretched 2Y-TZP. Radial strain
lous loading/displacement conditions. ¢,) and hoop strain {eg) are measured by markers inscribed on the sur-
During forming under a constant dis- ace, and the thickness strain (g;) is computed from ¢, + g+ =0.
placement rate, the average strain rate of
the stretched material increases mono-
tonically with time, reaching a maximum
at the end. This causes a corresponding
increase of forming stress. Using a vari-
able displacement rate, which is faster in-
itially but slower near the end, an
approximate constant strain rate path can
be achieved. This has the advantage of
lowering the peak stress without neces-
sarily increasing the total forming time so
that failure probability is reduced. % A se-
ries of forming curves for a number of su-
perplastic ceramics formed under is
more favorable condition are shown in
Fig. 25(b). Another alternative strategy
used to lower the forming stress is to use 0
a variable temperature ramp, which starts 0 200 400 600
forming at a lower temperature and ends Time (s)
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Fig. 25. (a) Forming load (normalized by punch radius A and intial thickness o) and dome height (normalized by A) versus forming time in a
punch-stretching test Note the sharp increase of forming load with time under the constant punch speed condition” (b) Normalized forming load
and normalized dome height versus time for 2Y-TZP with 0.3 mol% zinc oxide, 2Y-TZP with 0 3 mol% copper(il) oxide, and 2Y-TZP with 50 mol%
mullite. “orming schedule is programmed to achieve a constant strain rate Note that the toad increase 's gradual and mitd {c) Normalized forming
load and normalized dome height versus time for silicon nitride A constant heating rate and « constant strain rate are used, starting at 1480°C
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at a higher temperature. An example of
the latter, using a constant heating rate,
is shown in Fig. 25(c). We have success-
fully formed silicon nitride and alumina
using the latter schedule.

(2) Fracture Control

Formability is dictated by the strain to
failure along the appropriate strain path
representative of the forming route. Ten-
sile ductilities of superplastic metals and
alloys are known to correlate well with
strain-rate sensitivity, m (i.e., the recipro-
cal stress exponent).2 The higher the
strain-rate sensitivity, the higher the ten-
sile ductility. Such a correlation does not
hold for superplastic ceramics, as shown
in Fig. 26(a). To understand this, we re-
call that the physical basis of the
ductility-m correlation is in the stability
against necking, which increases with m

Vol. 73, No. 9

for a strain-rate-sensitivity material.3.8 The
failure of this correlation, therefore, im-
plies that, for superplastic ceramics,
deformation stability is still essential, but
is rarely the limiting factor for tensile duc-
tility. indeed, ductilities of superplastic ce-
ramics should be much higher than those
actually observed under most circum-
stances if necking were responsible for
failure.

As a practical matter, grain-boundary
decohesion always limits tensile ductility
in superplastic ceramics. Although the ex-
act mechanisms remain to be estat.
lished, existing evidence supports the
opinion that cavitation or grain-boundary
cracking precedes fracture. Thus, cavi-
tation resistance must figure prominent-
ly in evaluating formability. The central
importance of grain-boundary cohesive
strength, which controls the cavitation re-
sistance, can thus be understood. On the
other hand, for a given material, cavity

1000 ) and crack nucleation at grain boundaries
; under creep conditions is relatively insen-

sitive to the temperature but extremely

o N ©. sensitive to the flow stress.26.92-94 The lat-

0 00 T ) ter is, in turn, controlied by deformation

g 100 2v-1zp 4 temperature, strain rate, and strain
W 3Y-TZP(1) z| R Ay hardening. This would suggest that a bet:

0 3Y-12P(2) :A ter correlation for formability may be one

8 3Y-12PQ) © o) A relating ductility to flow stress rather than

o szm to strain-rate sensitivity. The available data

10 % gvm for tensile ductilities of all superplastic ce-
A 3Y80A < ramics thus far reported, plotted in Fig.

o SLN/SIC 26(b), seem to support such a proposi-

© Hydro tite tion in that a reasonably good correlation

A B-VSpo:?nF:.n exists between increasing tensile elonga-

one tion and decreasing flow stress for each

group of materials. Indeed, after normaliz-

0.1 1 ing the flow stress by the reference stress
Strain rate sensitivity, m that causes failure at 100% elongation for
a
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G
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FlYg. 26. (a) Lack of correlation between tensile elongation and strain rate sensitivity m  Referenc «s are 12 for 2Y-TZP; 4Q for 3Y TZP(1); 28 for
3Y-TZP(2); 26 and 101 for 3Y-TZP(3); 40 for 3Y20A, 3Y40A, 3Y60A, and 3YB0A, 2« = silicon nitnde/siicon carbide; 14 for iv,d~.yapatite, and

102 for B-spodumene An example of the notation for the composites is that 3Y20A rr.;ans 3Y-TZP with 20 wt% alumina (b) Cicse correlation
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each group of ceramics, a clear trend
common to all superplastic ceramics
emerges, as shown in Fig. 26(c). This
may be contrasted with the common ob-
servation, for superplastic metals and al-
loys, of a ductiity maximum at an
intermediate flow stress, which coincides
with the maximum of strain-rate sensitivi-
ty.2.3 Because the strain rate sensitivity is
largely independent of elongation in Fig.
26(a), the strong correlation between
elongation and flow stress in Figs. 26(b)
and (c) must be regarded as a manifesta-
tion of the stress-controlled failure process
unique to ceramics.

In the case of alumina/3Y-TZP compos-
ites, Wakai et al. have previously noted
that the average alumina grain size corre-
lates poorly with ductility, but that the size
of the largest alumina grains in the com-
posites correlates well.4 This observation
seems particularly explicable for alumina,
which is prone to anisotropic, abnormal
grain growth, The few large grains in an
otherwise fine-grained matrix have a rela-
tively minor influence on the average flow
stress (see Eq. (3)) but cause considera-
ble stress concentrations pecause of their
poorer diffusional accommodation as a
result of the longer diffusion distances in
their vicinity, Therefore, these grains can
cause enhanced cavitation, which is
detrimental to tensile ductility. Other
stress-concentrating heterogeneities will
have a similar effect. Likewise, the
deleterious effect of strain hardening on
ceramic superplasticity is understanda-
ble, despite its supposedly beneficial in-
fluence on deformation stability.8
Lowering the flow stress and increasing
the grain-boundary strength thus provide
the most effective methods for improving
superplastic formability.

For ceramics, the superplastic punch:
stretching test described above is a much
more severe formability test than the
uniaxial tension test favored by most in-
vestigators to characterize superplastici-
ty. Generally speaking, fractures in
ceramics are initiated at preexisting flaws
introduced by preparation steps such as
powder packing, sintering, and machin-
ing. In uniaxial tension, only preexisting
cracks perpendicular to the stress axis
may cause fracture. In biaxial stretching,
cracks of all orientations are being
stressed and may be fatal. Although the
flaw tolerance at the forming temperature
has been dramatically improved in super-
plastic ceramics, most of our failures that
occurred were brittle in natuire, especial-
ly at higher forming rates. 19 This also sup-
ports the conclusion that grain-boundary
decohesion rather than necking is the
failure-controlling event. Because various-
ly oriented cracks are stressed and fail-
ure is brittle in nature, biaxial stretching
experiments are much needed demon-
stration tests which should be routinely
performed for superplastic ceramics to
ensure their suitability for practical sheet-
forming in applications

Development of Superplastic Structural Ceramics

For reliable, flaw-free forming, the cur-
rent practice in the superplastic metal in-
dustry is to use pressure forming in a
configuration where the differential pres-
sure effects shape deformation while the
mean pressure suppresses cavita-
tion.7-9.10 |n theory, a pressure on the or-
der of the flow stress should be sufficient
for suppression of cavity growth,95.96 thus
avoiding failure. Such an approach has
been found to be successful for glass-
ceramics, which can be stretched to
100% once cavitation is suppressed.®?
Because of the propensity for cavitation
in many ceramics and the paramount im-
portance of reliability to ceramic applica-
tions, we predict that a similar practice will
eventually be adoped if superplastic
sheet forming of structural ceramics
should become a commercial endeavor.

V. Conclusions

Since the discovery of ceramic super-
plasticity in 1986, considerable progress
in zirconia and other superplastic ceram-
ics has been achieved. In this paper, we
have attempted to provide instructive ex-
amples from this experience, Through
these examples, we have emphasized
the importance of structural and process-
ing controls in achigving a superior mi-
crostructure and formability, the central
role of static and dynamic characteristics
of grain boundaries and phase bound-
aries, and the major differences between
superplastic ceramics and their counter-
parts in metals and alloys. With powders
of ever-improving sinterability and finer
particle size becoming increasingly avail-
able, alower sintering temperature, which
is synonymous to a more uniform and
finer microstructure, has been achieved
for several major structural ceramics dur-
ing the last few years, Complementary re-
search on physical ceramics has further
elucidated some of the basic principles
of microchemical and microstructurai
contro! and directed the way of alloy de-
velopment for better deformability and
ductility. These interrelated matenals con-
siderations, previously outhned m Fig. 2,
have now been addressed in some de-
tail in this paper. The key issues discov-
ered here are summarized in a block
diagram in Fig. 27 for various structure-
property-processing relationships. Al-
though the implementation and specifics
may vary from ceramic to ceramic, and
further basic and applied research is still
desirable, 1t 1s cur hope that Fig. 27 will
nevertheless provide a sketchy but use-
ful “road map" to guide future superplas-
tic ceramic development.

Looking forward, it is our opinion that
most, if not all, ceramics can be rendered
superplastic at reasonable forming tem-
peratures and forming times no higher or
longer than those currently used in com-
mercial practice for ceramic sintering. We
believe that our optimism is well based,
Jjudging from the experience in zirconia,
aluming, silicon nitnde, and their compos-
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Fig. 27. Major issues in the structure-property-processing relationships in superplastic ceramics

for structural applications.

ites. More broadly speaking, however, we
must be reminded that, although a sound
technical concept such as superplastic
forming of ceramics may appear attrac-
tive and feasible, its eventual utilization,
if at all, is largely decided upon by the
market force. We are cautiously confident
that, as the demand for structural ceram-
ics grows in future years, superplastic ce-
ramics will be further developed and that
this unique net-shape manufacturing
method will be applied to industrial
processes.
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Microstructure and Composition of Alumina/Aluminum
Composites Made by Directed Oxidation of Aluminum

Else Breval*

Moaterials Ressarch Laboratory, The Pennsylvania State University, University Park, Pennsylvania 16802

Two Al;0,/Al composites, grewn by the directed oxidation
of molten Al alloys at 1400 and 1600 K, were investigated by
Xray diffraction, optical microscopy, scanning electron
microscopy, transmission electron microscopy, and wet
chemical analysis. The materials were found to contain a
continuous network of Al;0;, which was predominantly free
of grain-boundary phases and was made up of nanometer- to
micrometer-sized crystallites, a continuous network of Al al-
loy, and isolated inclusions of Al alloy. No crystallographic
orientation was observed in the metallic phase, whereas the
AL;0; was oriented with its ¢ axis parsllel to the growth
direction. The higher process temperature yielded a lower
metal content and less connectivity of the metallic con-
stituent, {Key words: alumina, aluminum, microstructure,
composites, oxidation.)

1. Introduction

EINFORCED ceramic composite bodies have been pro-
uced by the directed oxidation oi Al alloys through pre-
forms of reinforcing material.*! The Al,0,/Al oxidation
reaction product matrix grows at the interface of the oxidant
and the reaction product, and thus is able to incorporate the
reinforcement without disturbance or rearrangement. Com-
posites with favorable structural properties containing par-
ticulate’” and fiber** reinforcement have been fabricated.
To more fully understand the family of Al,0,/Al matrix
composites that can be.produced by this process, it is first
necessary to obtain basic information about the matrix itself.
To this end, the formation,® physical properties,” and failure
mechanisms® of unreinforced Al,0;/Al reaction products
have been studied. The present paper provides a detailed de-
scription of the microstructure and composition of selected
Al;0;/Al materials. It should be noted that the microstruc-
ture of the reaction product is altered by the presence of a
reinforcement during the growth process. However, the un-
reinforced matrix materials represent an appropriate starting
point for the study of these composites.

II. Experimental Procedure

Two Al,0;/Al materials, designated A and C,” were inves-
tigated. Each was produced (grown) by oxidizing an Al alloy
in air.* Material A was fabricated at 1400 K with Al alloy 5052
(nominally Al-2.5Mg) that was externally doped (coated)
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with 120 mesh SiO, particles. Material C was similarly pro-
duced at 1600 K with Al allov 6061 (nominally Al-1Mg-
0.68i). In both cases, the process was stopped prior to
converting all of the metal to oxide.

The microstructures of the materials were observed at
three levels using optical microscopes, a scanning electron
microscope (SEM),' and a transmission electron microscope
(TEM),} operated at 120 kV, with an energy dispersive spec-
trometer (EDS).! Polished sections were observed in the opti-
cal microscope, using reflected light, and in the SEM. Thin
sections (30 + 10 um), which were leached in a 10% HCI so-
lution to remove the interconnected metal, were observed op-
tically in transmitted polarized light between crossed nicols
to determine the optical orientation of the Al,O; phase. lon-
beam-thinned specimens of the composites were examined in
the TEM.

The phase composition was investigated by the use of ce-
ramography, X-ray diffraction (XRD), wet chemistry, and EDS
in conjunction with both the SEM and the TEM. The XRD
was performed on powdered (400 mesh) specimens to detect
the major phases present, and on smooth surfaces (both paral-
lel and perpendicular to the growth direction) to determine
possible preferred orientation of the constituents. A semi-
quantitative determination was conducted based on the inten-
sities of the X-ray peaks after background subtraction,
providing results of both nominal composition and orientation.

Two separate chemical analyses were performed, one ex-
amining the composite as a bulk and the second individually
examining the ceramic and metallic constituents. The bulk
analysis was accomplished by melting a powdered (400 mesh)
specimen in lithium metaborate and then dissolving the speci-
men in a 4% HNO; solution, followed by a spectrochemical
analysis. The individual analyses were performed by leaching
a powdered (400 mesh) specimen in a boiling 10% HCI solu-
tion and subsequeatly analyzing the solution and the residue.
It was assumed that the metallic constituent was completely
dissolved and the ceramic constituent was completely re-
tained. All solutions were analyzed.

(1) Material A

A low-magnification optical micrograph of an HCl-leached
thin section oriented parallel to the growth direction, ob-
served between crossed nicols and a gypsum red I plate ori-
ented 45° to the nicols, is shown in Fig. 1. It reveals a
structure with two distinct layers. The lower layer (i.c., first
layer to grow), which accounts for only a small portion of
the sample, measures 2 to 5 mm in thickness and appears

Results and Discussion
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SUPERPLASTIC CERAMICS

I-Wei Chen

Department of Materials Science & Engineering
University of Michigan

Ann Arbor, Michigan 48109-2136

Large strain superplastic bulge forming of zirconia was recently achieved at

1150°C at a strain rate of close to 10-3s5-1, In this way, it has been demonstrated
to be a feasible forming technique for oxide ceramics. The key to the success of
the tetragonal zirconia polycrystal as a superplastic ceramic lies partially in its
relatively good powder characteristics, but more importantly in its incorporation
of aliovalent stabilizers which additionally provide solute drag to suppress grain
growth, Its forming characteristics can be further improved by a judicious
addition of a grain boundary liquid phase, at a thickness of no more than 5nm.
An overview of these advances and the parallel development in superplastic
alumina is provided here.

1. INTRODUCTION

Forming of crystalline ceramics is usually carried out at low
temperatures, before firing. The common forming practice in other materials
industries (e.g. metals, plastics and glass), however, is via deformation
processing of dense materials at higher temperatures. The main advantage of the
latter process lies in its greater flexibility for shape and greater accuracy for
dimension, which are especially important considerations for net-shape forming.
Usually, because of the very limited ductility and the very high flow stress of
most crystalline ceramics, such a method is not feasible.

In the last few years, considerable progress has been made on fine grain
superplasticity which promises to fundamentally change the outlook for
deformation processing of some crystalline ceramics. Several oxides, most
notably some partially-stabilized tetragonal zirconia, have been found to have
considerable tensile ductilities, in some cases well over 100%.[1-3] The flow
stresses are relatively low, of the order of several tens of MPa. The basic
phenomena observed in these ceramics are in accordance with the major findings

in fine grain metals and alloys deformed in the superplastic regime.[6] Notably,
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the strain rate varies with the second or third power of the reciprocal grain size,
and with the flow stress almost linearly,

For practical reasons, it is desirable to achieve a high strain rate at as low
a temperature as possible. This can be achieved by a combination of better
powder processing, sintering and the attainment of microchemical and
microstructural parameters beneficial for ceramic superplasticity. A basic
understanding of these interrelated aspects is particularly helpful for the on-going
effort in developing future superplastic ceramics. These issues are addressed in
the present review.

In the following sections, we first provide a best-case example of the
present practice of superplastic forming. We then review several superplasitcity
studies of fine-grained zirconia to make evident main attributes responsible for

its remarkable flow properties. Lastly, the outlook of superplastic forming for
other ceramics is assessed in view of the state of the art. |

II. SUPERPLASTIC FORMING

Many attempts have been made to form zirconia and other ceramics into
shapes in the superplastic regime. In terms of forming methods, the following
have been tried: uniaxial tension,!!-5) uniaxial compression,!7-8] bending, (%]

extrusion,[10) inverse extrusion(10} and shell forming.[10] These are shown
schematically in Fig. 1.

MAJOR STRAIN &

Fig. 1 Dominant strain states of various deformation
processes. (See Table 1 for references.)
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TABLE 1: Various Types of Superplastic Deformation Processing

_ PROCESS EXAMPLE
A Bulging Wu and Chen (11}
B Plane Strain Bending Wakai et al. (9]
C Simple Bending Wakai et al. (9]
D Uniaxial Tension Wakai et al. (1
E Shell Forming Carry and Mocellin {10}
F Extrusion Carry and Mocellin  [10]
G Inverse Extrusion Carry and Mocellin [10]
H Uniaxial Compression Venkatachari and Raj (7]

Some of these methods involve tensile strain in one direction, such as uniaxial
tension (see D in Fig. 1) and bending (C). Others are dominated by
compression, such as extrusion (F) and inverse extrusion (G). In the shell-
forming (E) experiment of Mocellin et al., a balanced tension-compression was
used. In bending of a wide plate (B), plane strain tension is encountered. The
tensile strains in bending are usually quite small.

Recently, biaxial tensile stretching has been demonstrated in our

laboratory.[11] As shown in Fig. 2, a hemispherical dome can be formed by
bulging a constrained disk using a punch. The biaxial tensile strain at the pole is
a function of the disk thickness, punch radius and dome height. When the disk
is clamped at the edge, a biaxial tensile strain of 30~40%, or an effective strain
of 70%, is reached with a hemispherical shell, if the initial thickness of the disk
is Imm. The surface of the workpiece has an excellent finish after forming,

Fig. 2. A ZrOj sample after forming at 1150°C for 10 minutes, with a constant
punch velocity of 0.6 mm/min.
(Disc diameter = 32 mm, thickness = | mm. )
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and the ceramic is damage-tolerant, up to a critical strain rate of c.a. 10-3/s. The
significance of this demonstration is that it closely simulates the most severe
sheet forming processes in practice where biaxial tension is encountered. Hence,
its success lends considerable confidence to the application of superplastic
forming for the industrial environment.

From a practical standpoint, the forming parameters which are of the
most importance are the strain rate and the forming temperature. A high strain
rate is required to ensure reasonable productivity, and a low forming temperature
is desired to lower the capital cost and reduce tool wear. In the above example

of biaxial tensile stretching, a strain rate of 10-3/s and a forming temperature of
1150°C have been achieved. This means that the forming operation can be
completed in about 10 minutes and that a conventional electric furnace can be
used.

III. MICOSTRUCTURAL AND MICROCHEMICAL ASPECTS OF
SUPERPLASTIC ZIRCONIA

Superplasticity is a process dominated by diffusional flow. Thus, the
ability to obtain and maintain a very fine grain size and to enhance diffusion is
crucial. Because of their lower melting temperatures, the deformation
temperature of most metals can be raised without practical difficulty to 0.8 of the
melting temperature. At high homologous temperatures, when the grain size is
lowered to several microns, fast diffusion enhances superplastic flow enough to
dominate. In oxide ceramics, a more reasonable working temperature is
probably limited to between 1000 and 1500°C. By calculating the diffusional
creep rate using the available diffusivity datal12] one can easily demonstrate that a
submicron grain size is probably required to achieve a strain rate of 10-4/s at
these temperatures. Since very few ceramics have submicron grain sizes,
ceramic; superplasticity did not materialize until Wakai reported on 3Y-TZP in
1986.(1

For more than a decade now, we have known that yttria-stabilized
tetragonal zirconia has a characteristically fine-grained microstructure, which is
uncommon among ceramics.[13] The need for maintaining a submicron grain
size in this material was initially motivated by studies of transformation
toughening.[13-15] These studies sought to avoid spontaneous tetragonal-to-
monoclinic transformation for which the statistics of nucleation is grain size
dependent.[16] The popular use of this material as a tough and strong ceramic
(Kic above 5 MPa m1/2 and strength exceeding 1200 MPa)(17] has stimulated
industry to provide commercial powders of excellent sinterability. These
powders can be readily processed to obtain sintered ceramics of grain sizes from
0.3 to 0.5 microns, sufficiently fine to allow superplasticity above 1300°C.[1) Tt
is for this reason that 3Y-TZP has become almost the universal choice for
demonstrating ceramic superplasticity in the last few years.

Although the relatively good characteristics of zirconia powders have
contributed to their excellent sinterability, the intrinsic cause of the very fine
grain size is not clear.[18] Recently, through a detailed study of grain growth
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(a) 2Y-TZP

(b) 2Y-TZP/50 v/o Mullite (¢) 2Y-TZ1’/30 v/o Alumina

Fig. 3 Microstructures of (a) single-phase 2Y-TZP and two-phase
composites containing (b) mullite and (c) alumina.
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kinetics guided by crystal chemistry, we have identified the mechanism of grain-
size stabilization in this class of ceramics.19] Essentially, aliovalent solutes,

such as Y+3, segregate to the grain boundary of zirconia by the so-called space
charge effect. The mobility of grain boundary is lowered because the solute
cloud must be dragged along as the grain boundary migrates. This also has the
effect of increasing the activation energy of grain growth from that of grain
boundary diffusion to that of lattice diffusion. Ameng various solutes, the larger
the effective charge, the stronger the segregation and the slower the grain
growth. Furthermore, since the lattice diffusion of larger solutes is slower,
larger solutes are more effective than smaller ones in suppressing grain growth.

In this respect, Y*3, being an aliovalent and oversized ion in the host matrix of
2102, and having a relatively large (2.5 mole%) solubility among ceramics,
serves as an effective solute in suppressing grain gcowth during sintering and
superplastic deformation of partially-stabilized zirconia. An added benefit of
solute segregation to grain boundary is the lowering of grain boundary
energy(20] and, correspondingly, the enhancement of grain boundary cohesion.
For these reasons, Y-TZP has emerged as an excellent superplastic ceramic.

As in metals, second phase particles are very effective in suppressing
grain growth in ceramics. However, for superplastic applications, second phase
particles have to be dispersed uniformly on a submicron scale to be effective.
Furthermore, a suitable choice has to be found in order to maintain reasonable
sinterability in the presence of second phase particles. This poses some
processing problems. At the present time, sume two-phase, zirconia-based
superplastic ceramics such as zirconia-mullite and zirconia-alumina composites
have been developed. When properly processed, they can achieve a grain size of
the order of 0.2 micron (see Fig. 3). Nevertheless, they tend to have a higher
flow stress because both mullite and alumina are best considered as hard
inclusions in a soft zirconia matrix.[3.21] Therefore, their superplastic
characteristics are not yet as goodas  Y-TZP.

The other approach to enhance superplasticity is to increase the
diffusivity in fine grain ceramics. Some systematic attempts have been made in
our laboratory in this direction.[22] In particular, we have investigated the effect
of transition metal dopants on the superplasticity of Y-TZP. Many of the
transition metal dopants, including Mn, Fe, Co, Ni, Cu and Zn, form a low-
melting liquid phase residing on the zirconia boundaries. When the amount of
the additive is properly controlied, it is possible to have a very thin, wetting
amorphous phase along the grain boundary which aids diffusional flow but has
little effect on grain boundary cohesion and other mechanical properties. For
example, when 2Y-TZP is doped with 0.3 mol% CuO, strain rate can be
increased by almost two orders of magnitude (as shown in Fig. 4), rendering
superplastic deformation below 1200°C feasible. More detailed mechanistic
studies have established the chemical composition of the grain boundary phase
as Cu*l, Zr*4, Y+3, Si+4 and O2, with a melting temperature around 1130°C.
Deformation below the melting temperature is apparently diffusion-controlled; it
becomes interface-controlled above the melting temperature.(22]

Ceramic Powder Science |11




IV. PROSPECTS FOR SUPERPLASTIC FORMING OF OTHER
CERAMICS

As illustrated in Section II, superplastic forming of zirconia ceramics
looks promising in light of its low deformation temperat. high strain rates and
excellent formability. Prospects for repeating the succ..s of zirconia in other
engineering ceramics, notably alumina, are assessed here.

Unlike zirconia, alumina is much more susceptible to grain growth both
in sintering and deformation. It has a relatively low solubility for nearly all
aliovalent dopants, and is strongly anisotropic in its grain boundary
characteristics. These inherent features of alumina make it somewhat difficult to
apply the same microchemical approach developed for zirconia ceramics. For
example, the introduction of a liquid phase is known to

10"
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Fig. 4  Strain rate versus reciprocal temperature for 2Y-TZP with and without
0.3 mol% CuO. (stress = 40 MPa, grain size = 0.33 um)

drastically enhance abnormal grain growth in aluminal23] and must be used
judiciously. As another example, the space charge concept is difficult to verify
in alumina because of the very low solubilities of most solutes.[24]

To establish base-line data for comparing alumina and zirconia, we have
processed a high-purity alumina and evaluated its deformation characteristics. A
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commercial powder was used as the starting material, followed by milling and
slip casting in the presence of a surfactant. Sintering was conducted at 1250°C
to reach 99% of the theoretical density. (Although the above temperature is

somewhat higher than that used by Sacks et al.,[25] unlike their process, we did
not further classify particles of the as-received powder. Therefore, the yield of
this process is 100%). As shown in Fig. 5, alumina grains are equiaxed and
have an average size of 0.6 micron. Deformation data of this alumina and, for
comparison, of zirconia, are shown in Fig. 6. Essentially, we find that the
deformation temperature of alumina needs to be 50°C above that of pure 2Y-TZP
at a comparable grain size. However, since the sintered grain size of alumina is
about a factor of 2.5 times higher than that of zirconia, another 50°C is probably
required to compensate for this disadvantage. Thus, we are hopeful that pure
alumina can be superplastically formed at slightly above 1300°C, and at a lower
temperature if additives are used.

10°°
- ¢ 100 MPa
/]
-
A 10-l1
&
N
&
£ 107
£
5 ® 2Y-TZP (0.2]1 micron)
¢ Alumina (0.55 micron)
106 — — —
60 62 64 66 68 70 72 74
RIS - 10000/T (1/K)
Fig. 5. Microstructure of alumina Fig. 6. Strain rate versus reciprocal
sintered at 1250°C temperature of 2Y-TZP and

alumina
V. CONCLUSION
The recent progress in ceramic powder processing has resulted in much

lower sintering temperatures for several commercial ceramics. A lower sintering
temperature is synonymous to a more uniform and finer microstructure, which
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coincides with the need of superplastic ceramics. With powders of ever-
improving sinterability and finer particle size becoming increasingly available,
further progress in developing superplastic ceramics looks promising.
Comple: aentary research on physical ceramics will elucidate the principles of
microch>mical and microstructural control and guide the way toward
deformation and ductility enhancement.

More broadly, we must be reminded that while a novel processing
concept, such as superplastic forming of ceramics, appears attractive and even
technically feasible, whether it will be realized or not is largely decided upon by
the market force. We are cautiously confident that, as the demand for advanced
ceramics grows larger in future years, this unique net-shape processing method
will be drawn upon and developed into an industrial process.
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SUPERPLASTIC CERAMIC COMPOSITES®

I-Wei Chen, Department of Materials Science and Engineering, University of
Michigan, Ann Arbor, Michigan 48109-2136

ABSTRACT

Ceramic composites offer the special advantage of microstructural stability
during large strain superplastic deformation. They tend to have both a higher
flow stress and local stress around reinforcing particles, especially when the
aspect ratio of the inclusions is high. Thus, only equiaxed ceramic composites
are amenable to superplastic forming at the present time.

INTRODUCTION

Superplasticity is phenomenologically defined as the ability of a mate.ial to
exhibit exceptionally large tensile elongation during stretching.(1-2] Itis a
property commonly found in many metals and alloys when the grain size is
refined below several microns and the deformation temperature is above
two-thirds of the melting point.l2] At such small sizes micrograins can flow,
much like sand particles in a water-saturated slip, by way of atomic diffusion
along grain boundaries.[1:3-7) These materials intrinsically embody a high
resistance to strain localization, or necking, in tensile deformation because
necking necessarily-entails a higher local strain rate and thus a higher local flow
stress, which will be resisted by the rest of the body.[3.8] Several commercial
processes in metal industries have taken advantage of these high ductilities to

form intricate, large scale components directly into their net shape.[7.9-10]

Compared to monolithic ceramics, composites have the distinct advantage of
superior microstructural stability against both static and dynamic grain growth,
The as-sintered composites usually have a smaller grain size, even though they
may require a higher sintering temperature than the monolithic ceramics made of
cither constituent. In particular, a duplex microstructure can be obtained,
i.e., one in which two phases are of nearly equal volume fraction and are both
multiply connected. Known for their fine grain sizes and excellent resistance
against coarsening, many such microstructures have figured prominently in the

* Supported by U.S. AFOSR under Grant No. 87-0289, U.S. DOE (BES) under Grant
No. DE-FG02-87ER45302, and U.S. ARO under Contract No. DAAL03-89-K0133.
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historical development of superplastic metallic alloys (e.g., Pb-Sn and Zn-Al

alloys, - brass, a-B titanium alloys, and o-vy stainless steel).2] Duplex
microstructures have also been obtained for zirconia/mullite and zirconia/alumina
composites. These duplex composites can maintain their very fine
microstructures even after large superplastic deformation.

In this paper, we will briefly review the current understanding of microstructural
control and deformation mechanisms of superplastic ceramic composites. Our
attention will be directed to ceramic composites containing two dissimilar
phases, specifically, zirconia/alumina and zirconia/mullite systems. Composites
made of different polymorphs of the same ceramics, such as tetragonal and cubic

zirconia or o'- and B'-sialons, are not considered here.

MICROSTRUCTURAL ASPECTS

In developing superplastic ceramics, high deformation rate and high ductility are
the primary objectives. Practical considerations further dictate that they should
be achievable at the lowest temperature possible. The basis of materials
considerations concerning a high deformation rate and a low deformation
temperature lies in the constitutive equation of superplastic flow, which can be

expressed in the following form:[2]
€=A o%/dP (1)

In the above, € is the strain rate, 6 is the stress, d is the grain size, n and p are
stress and grain size exponents, respectively, and A is a temperature-dependent,
diffusion-related coefficient which can be expressed in an Arrhenius form. For
superplastic ceramics, n and p are typically in the range between 1 and 3.
Therefore, a high deformation rate and a low deformation temperature can be
achieved by lowering grain size. Additional care must be taken to ensure that the
fine-grained microstructure remains stable under superplastic deformation,
i.e., to prevent dynamic grain growth from taking place, and to keep the grain
boundaries' cohesive strength sufficient in order to sustain high ductility without
fracture. Tetragonal zirconia polycrystal (TZP), which fulfills all the above

requirements,{!1] may be regarded as a prime example of a superplastic ceramic.

To investigate the formability of ceramics containing two dissimilar phases,
composites of zirconia/aluminal!2-13] and zirconia/mullite{14-15] have been
studied throughout the entire range of composition. Y-TZP with up to 80 v/o of
alumina or mullite are superplastic and have very good formability.[!1.16]
Among them, composites with a duplex microstructure (i.e. when both phases
have approximately the same volume fractions) have the finest grain size and



often the lowest flow stress. Examples of the duplex microstructures of
zirconia/alumina and zirconia/mullite are shown in Fig. 1. They have a grain
size of 0.2 um. Sintered in the temperature range of 1370 to 1480°C, these
duplex composites can maintain their very fine microstructures even after large
superplastic deformation.

Figure 1 Microstructure of (a) Y-TZP/alumina composite and
(b) Y-TZP/mullite composite. (Bar = (.2 um)

Considerable microstructural stability is already evident when the second phase
is present at a small volume fraction, typically no more than 10%. This
improvement is especially important for dynamic grain growth. A striking
example is encountered in alumina with zirconia inclusions. While fine-grained
pure alumina is subject to rapid dynamic grain growth, its grain size remains
largely stable during superplastic deformation when 10 v/o ZrO, is added.

The basic issue of microstructural stability of composites was first addressed by

Zener (171 and was attributed to the particle pinning effect. Superplastic ceramic
composites offer an opportunity to re-examine this effect in ultrafine-grained
ceramics. Let the matrix grain size be d, the particle size be r, and the volume
fraction of the second phase be v. The data from fine-grained zirconia/mullite
and zirconia/alumina, for a volume fraction of the second phase between 1 and
15%, are then found to follow a scaling relation, as shown in Fig. 2, given by
the following equation:

d=oarnl3 )
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where o is about 0.75. Note that Heliman and Hiller have proposed a picture to
envision the scaling relationship by assuming pinning particles residing on every

grain corner.[18] Since a tetrakaidecahedral grain has 24 grain comers, and each
one of them is shared by four grains, it follows that there are 6 pinning particles,
on average, for every grain. The correlation of Eq (1), on the other hand,
implies that only 0.4 pinning particle is appropriated for every grain. In other
words, the pinning condition for real materials seems to be much less stringent
than those envisioned by theorists. This is indeed encouraging from a practical
point of view for developing superplastic composites.
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Figure 2 Grain size d as a function of inclusion size r and volume fraction of

inclusion v. The symbol ¢ denotes mullite inclusion in TZP matrix;
the other symbols are for zirconia inclusions in alumina matrices.

DEFORMATION CHARACTERISTICS

There is a general agreement that deformation mechanisms in superplasticity are
akin to diffusional creep,[3] although modifications of the conventional

description[19] are required.[4-6.20-22] The present discussion of deformation
characteristics is confined to comparisons based on the phenomenological
constitutive equation (Eq(1)). The effect of a second phase is rationalized based
on continuum mechanics models for zirconia/mullite and zirconia/alumina
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composites. In both cases, there is little mutual solubility between constituent
phases at the sintering and deformation temperatures. Therefore, their
deformation resistance may be determined entirely by knowing the deformation
resistance of the constituent phases, after computing the appropriate stress and
strain distributions in the composite.l6] The two ceramic composites considered
here serve as model systems of a soft matrix (TZP) containing equiaxed and
rigid inclusions (mullite and alumina).

At 1350°C, the flow stress of mullite is two orders of magnitude higher than
that of 2Y-TZP of a comparable grain size.[14-15] Hence, mullite inclusions in
2Y-TZP can be considered rigid. For such a composite, a continuum model
which pictures the composite flow as a non-newtonian fluid containing rigid

particulates is appropriate.[6.14] The prediction of this rheological model is:
€ =g (1-v)2*™2 (3)

where v is the volume fraction of the rigid inclusions, &, is the strain rate of the
reference matrix, taken as the one with an identical grain size but without

inclusions, and € is the strain rate of the composite. Experimental data for
2Y-TZP containing up to 80 v/o mullite, shown in Fig. 3, are in very good
agreement with this model if mullite is considered to be a rigid, included phase.
Note that the model apparently remains applicable at a suprisingly high volume
fraction of a second phase.

Deformation data for 3Y-TZP containing up to 70 v/o alumina, also shown in
Fig. 3, are equally well described by the rigid inclusion model. This is
surprising, t0o, since pure alumina has a deformation resistance comparable to
that of 3Y-TZP. This apparent contradiction becomes explicable if we recall that
even a little zirconia impurity (1000 ppm) can severely reduce the deformation
rate of alumina.[22] Therefore, although pure alumina is no harder than 3Y-TZP
in creep resistance, alumina in a zirconia matrix should nevertheless behave
rather like rigid inclusions, consistent with the data in Fig. 3. The continuum
rheological model with rigid, equiaxed inclusions has thus been verified in
superplastic flow of Y-TZP with both mullite and alumina as a second phase.

The particle shape effect of non-equiaxed, hard inclusions on superplastic flow

has also been considered in the literature.[14] When the alumina-to-silica ratio in
mullite is decreased to 1.25 an elongated morphology for mullite with an average
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Figure 3 Strain rate as a function of volume fraction of mullite or alumina in
two TZP matrices deformed at the same flow stress. Strain rate data
have been normalized to account for the grain size dependence with
respect to a reference matrix grain size d* = 0.5 um. Also indicated
on the right are the strain rate of pure alumina, mullite, and alumina
with 1000 ppm zirconia, all at a comparable grain size. Two solid
curves are predictions of the rheological model assuming that mullite
and alumina form rigid equiaxed inclusions. Data for TZP/mullite
are from Ref. 15, and for TZP/alumina from Refs. 12 and 13.

aspect ratio of 5 can be obtained in a zirconia/mullite composite. Such elongated
hard inclusions act as short fibers in a soft matrix to strengthen the composite
considerably. Using a shear-lag analysis, we have evaluated the strengthening
effect and expressed the flow equation as

é=éo(1_v)l+(l+n/2)A (4)

for parallel fibers and
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é=é°(1-v)l+(l+nﬂ)(2f3+w) (5)

for random fibers. In the above, A is the fiber aspect ratio (length/radius).
These predictions are plotted in Fig. 4 for various cases of interest.
Experimental evidence for this fiber strengthening effect was reported
elsewhere.{14] Considerable stress concentrations, which increase linearly with
the aspect ratio, are also predicted by this analysis.
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Figure 4 Strain rate reduction factor, E/E, as a function of volume fraction of
inclusions (fibers), v.

As mentioned in the previous section, the presence of a second phase may
substantially stabilize an ultrafine-grained microstructure against static and
dynamic grain growth. Since less than 10 v/o of a second phase is needed for
this purpose, the anticipated hardening effect according to the continuum picture
of Eq (3) is rather mild. Nevertheless, a dramatic change of stress-strain curve
does result from the suppression of dynamic grain growth, which would
otherwise cause strain hardening. An excellent example is afforded by
comparing alumina and alumina/zirconia composites, see Fig. 5. At 10 v/o
zirconia addition, the dynamic grain growth and the accompanying strain
hardening is entirely suppressed.
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Figure § Stress-strain curves for alumina. Strain hardening in pure alumina
is due to dynamic grain growth. The eventual decrease in stress in
pure alumina is a result of cavitation.

SUPERPLASTIC FORMING

To evaluate formability of superplastic ceramics, a punch-stretching test has been
developed.[24] This test was initially developed by metallurgists for evaluating
sheet formability of metals at room temperature.[25] Both mechanical and
practical considerations have established that such a test is more severe and
informative than the conventional tensile test for the above purpose, at least for
sheet forming processes.[3:25] In this test, an initially flat ceramic disk was
punched at high temperature into a hat shape. The disk was supported at the rim
and was stretched over a hemispherical punch of a radius of 6.5 mm. Typically,
the punch was advanced until a bulged dome of a height equal to the punch
radius was formed. At this point, the surface area of the dome was
approximately twice that of the base, corresponding to a biaxial engineering

strain of 100%. The average strain rate is simply -1, where 7 is the total
forming time. For a typical forming time of 30 min. in the laboratory, the
average forming strain rate is 5.5 x 10%/s.

702 Advanced Composite Materials




Fig. 6 shows two superplastically punch-stretched zirconia/mullite,
zirconia/alumina comnosites with their appreximate forming temperatures and
times indicated. Generally, the required forming time increases with lower
forming temperatures. Composites with a higher alumina or mullite content
require a higher forming temperature. Excellent, glossy surface finish was
obtained in all the zirconia-rich composites. The surface appearance was less
glossy when the zirconia content was less than 20 v/o.

Figure 6 Punch-stretched (a) Y-TZP/alumina composite and
(b) Y-TZP/mullite composite.

Wakai et al. have previously noted that, in the case of alumina/3Y-TZP
composites, the average alumina grain size correlates poorly with ductility, but
the size of the largest alumina grain does well.[26] This observation seems
particularly explicable for alumina, which is prone to anisotropic, abnormal grain
growth, Since the few large grains in an otherwise fine-grained matrix have a
relatively minor influence on the average flow stress (see Eq (3)) but do cause
considerable stress concentrations due to their poorer diffusional accommodation
as a result of the longer diffusion distances in their vicinity, they can cause
enhanced cavitation, which is detrimental to tensile ductility. Other stress-
concentrating heterogeneities in ceramic composites will have a similar effect. In
particular, when non-equiaxed reinforcing particulates are present, the very
significant stress concentrations!14] at these particles will inevitably degrade the
damage tolerance to render large tensile ductility unattainable. It is probably for
this reason that no fiber, whisker, or platelet reinforced ceramic composite is
superplastic to our knowledge.

CONCLUSIONS

Since the discovery of ceramic superplasticity in 1986, considerable progress
in superplastic ceramics has been made in the last four years. Several
ceramic composites have now been reported to be superplastic, including
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zirconia/alumina, zirconia/mullite, and silicon nitride/silicon carbide. In this
paper we have attempted to provide instructive examples drawn from this
experience. In general, composites offer an advantage of microstructural
stability against coarsening, but they tend to have a higher flow stress and local
stresses around hard phases. At presentl ceramic composites containing
reinforcement fibers, whiskers, or platelets are generally not amenable to
superplastic forming.
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III. TAILORING GRAIN BOUNDARY MOBILITY

Tetragonal zirconia is the first superplastic ceramic ever reported. Its grain size of 0.3 pm in
Y-TZP is unusually easy to achieve by conventional sintering techniques. Moreover, this grain
size is rather stable during large deformation at elevated temperatures. Such a remarkable
microstructural stability has not been fully explained in fundamental terms prior to the research of
this project. By a set of systematic experiments, we were able to conclude that the observation is a
classic example of space-charge solute drag on grain boundary. Indeed, this provides a definitive
example of solute drag in oxide ceramics. Moreover, we demonstrated that a one-to-one
correspondence between the deformation behavior (e.g., stress-strain curve) and the grain
boundary mobility exists (see 2.1) and that both can be tailored by switching on a certain amount
of solute drag. The latter controls the grain boundary mobility and thus affects dynamic grain

growth which in turn impacts the flow stress.
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SINTERING AND GRAIN GROWTH IN TETRAGONAL AND CUBIC ZIRCONIA

" LG. Lee and I-Wei Chen
Department of Materials Science and Engineering
The University of Michigan
Ann Arbor, Michigan 48109-2136

ABSTRACT

The different sinterability of tetragonal and cubic zirconia can be attributed to their
different behavior of grain growth. Growth rate of cubic grains in 8 m/o Y503-Z105 was

found to be 30 to 250 times faster than that of tetragonal grains in 2 m/o Y,03-ZrO,.

Although grain growth in both materials follows the parabolic law, the activation energy is

105 Kcal/mole for the tetragonal zirconia and 69 kcal/mole for the cubic zirconia.

Measurements of dihedral angles revealed a larger grain boundary energy in the cubic

glhase tlégn in the tetragonal phase. The possible origins of their different behavior are
scussed.

INTRODUCTION

In order to achieve full densification, excessive grain growth has to be suppressed in
firing. Experience with zirconia systems has provided ample evidence that the grain size of
the cubic phase is much larger than that of the tetragonal phase, suggesting the possibility
of a lower sintered density in the cubic phase regime. Indeed, this is confirmed in many
zirconia systems. As an example, Fig. 1 shows the compositional dependence of sintered
densities of ZrO,-Y403 and ZrO,-InyO3 ceramics. The decreased densities in the cubic

phase are quite evident for both. Examinations of the sintered microstructures revealed
large cubic grains containing intragranular pores in the cubic phase regime. Thus the role of
grain growth in sintering of zirconia ceramics appears to be a classical one: a faster grain
growth causes pore detachment from grain boundaries, preventing full densification. To
afford a better control of sintering of these ceramics, it is clearly necessary to understand
the mechanistic origin of the large disparity of grain growth in the two zirconia phases. The
purpose of this paper is to report on the grain growth kinetics and grain boundary
characteristics for both tetragonal and cubic zirconia, and to provide a rationale for their
different behavior.

EXPERIMENTAL

Coprecipitated zirconia powders containing 2 to 8 m/o Yo0O3 were used in this

study. Pellets were sintered between 1300°C and 1700°C in air for various time. Grain
sizes were measured by the linear intercept method, with the reported values being 1.56
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sintering. The activation energies were not determined, since they will be affected by the
activation energy of densification. The latter has been reported to be around 96 Kcal/mole
for CaO stabilized cubic zirconia (13 m/o Ca0).[1]

DISCUSSIONS

Our results on both tetragonal and cubic zirconia demonstrate that both undergo
normal grain growth in the temperature range studied. The activation energy of the
terragonal phase is higher than the cubic phase. Although there has been no systematic
report on grain growth of tetragonal zirconia in the literature to the authors' knowledge, our
findings on cubic zirconia are consistent with a previous study of CaO stabilized cubic
zirconia §l6zm/o CaQ) which gave a growth exponent of 0.4 and an activation energy of 80
Kcal/mole.[2]

Two considerations of normal grain growth are (a) driving force and (b) mobility of
grain boundaries. The dihedral angle measurements have established that the driving force
for grain growth is the largest for cubic zirconia, intermediate for cubic or tetragonal grains
in a mixed-phase matrix, and smallest for an entirely tetragonal zirconia. Although this
aspect is consistent with the contrasting grain sizes of the two phases in all three types of
microstructures, it can not be the sole reason for the much faster growth rate in the cubic
phase. Our data indicate that a difference of up to 250 times is seen in the rate constant K,
yet grain boundary energies differ by less than a factor of 2. Further explanation must be
sought elsewhere to explain the grain growth behavior.

It appears that the mobility of the cubic grains is much higher than that of the
teragonal grains. One possibility is that the boundary diffusivity of the cubic grains is
higher. This can be explained by referring to the theory of Borisov et al.[3]which couples
the thermodynamic consideration to grain boundary diffusion,

‘ybsART In (DyDy) (S)

In the above, ¥, is the boundary energy, Dy, is the boundary diffusivity, D; is the lattice

diffusivity, A is a geometric constant related to the atomic area on the grain boundary and
to the jump statistics, and RT has its usual meaning. This model has been verified in many
metallic alloys[4] and at least in one ceramic System (i.e. yttria-doped alumina)(5]. Hence a
lower boundary energy is predicted to be accompanied by a lower boundary diffusivity and
a higher activation energy. This prediction is consitent with our data, if we assume a
proportionality between K and boundary diffusivity.

The large difference in grain boundary energies and diffusivities in the two phases
could be due to a different behavior of solute segregation in the two materials. For
example, an enrichment of yttrium on the tetragonal boundary but not on the cubic
boundary can generate such an effect. Indeed, for certain solutes which segregate over a
longer spatal extent, it is expected that boundary mobility may be controlled by solute
drag, which involves lattice diffusion. The activation energy for grain growth in tetragonal
zirconia is 105 Kcal/mole, which is comparable to that of self diffusion of yttrium cations
in a yttria stabilized cubic lattice (102Kcal).[6] The activation energy of boundary
diffusivity in yttria stabilized cubic zirconia is 70 Kcal/mole,[6] which is closer to the
activation energy for grain growth in cubic zirconia. It should also be noted that the
presence of a grain boundary glassy phase in tetragonal zirconia could decrease the
apparent grain boundary energy and increase the diffusion distance across the boundary.

It is recalled that both ionic conductivity[7-8] and densification rate in hot pressing[9]
exhibit a strong ytria compositional dependence in the present system. That is, both cation
and anion (latuce) diffusivities increase when the yttria content increases from 5 to 8 m/o.
Although this phenomenon of enhanced kinetics is pronounced and probably general in all
lightly doped zirconia ,[10] its magnitude is still a factor of 3 to 10 smaller than the
enhancement of the rate constants K in grain growth in the same compositional range.
Nevertheless, together with the consideration of grain boundary energies, it could present
an alternative rauonale for the observed different growth behavior.

Concerning sintering schedule, Wu and Brook{11] suggested that fast firing to higher
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times the average intercept lengths. Grain growth in initial and intermediate stage sintering
was investigated at 1400°C for shorter time, using rapidly heated specimens. Dihedral
angles between tetragonal and cubic phases were measured using specimens containing
both phases (at 4 m/o and 6 m/c Y503).

RESULTS

Data of grain size of 2 and 8 m/o Y504 as a function of sintering time are shown in
Figs. 2 and 3. Between 1300°C and 1700°C, the 2 m/o Y203 samples are entirely
tetragonal; while at 8 m/o Y503, they are entirely cubic. Both sets of data obey the
parabolic growth law,

d?-d 2 =K (1) (1)
where d is the grain size at time t, d,, is the grain size at time t,, and K is a rate constant.

The rate constant for the cubic phase is 30 times to 250 times larger than that for the
tetragonal phase, reflecting a ratio of grain sizes of 5 to 10. The activation energies of the
rate constants are 105 Kcal/mole for the tetragonal grain growth and 69 Kcal/mole for the
cubic m growth, as shown in Fig. 4.

in growth in the two phase regimes are difficult to assess quantitatively, due to
the lack of compositional contrast between the two phases in scanning electron microscopy
and the poor statistics for grain size measurements in transmission electron microscopy.
Nevertheless, qualitatively, we were able to identify the cubic grains which always grow to
larger sizes than those of the tetragonal grains. This is the case both for 4 m/o Y503, when

the cubic grains are mostly surrounded by the tetragonal grains, and for 6 m/o Y504, when
the cubic grains form a continuous majority matrix. Dihedral angles at triple points of two
cubic grains and one tetragonal grain are related to the cubic grain boundary energy ¥, and

the c/t phase boundary energy ¥,.. This can be seen in Fig. 5a. Likewise, dihedral angles at
triple points of two tetragonal grains and one cubic grain are related to the tetragonal grain
boundary energy ¥,, and ¥,., as shown in Fig. 5b. The dihedral angle 6 in Fig. 5a is
smaller by about 30° than the dihedral angle 8,, in Fig. 5b. Using the following
relationship

2y, €08(0,,/2) = ,, 2

Yy 05(8/2) = Yo (3)
with the dihedral angles listed in Table 1, the ratios of interfacial energies were determined.

Table 1. Measured dihedral angles

4m Y503 6mloY,0;3
ot 134£7° 13147°
Occ 97+11° 105£10°

Their average can be represented as the following ratios
Yoo ' Yee P Ve = 1 :0.76 : 0.63 4)
Grain growth in the initial and intermediate stages was also investigated. These data

will be published elsewhere. At 1400°C, it was found that the densification rates of 2 m/o
and 8 m/o samples are essentially the same during the nitial and intermediate stage of
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temperature is preferrable for sintering zirconia. Their suggestion was based on the
observation that the activation energy of densification (1] is higher than that for grain
growth{2] in CaO stabilized cubic zirconia.[2] While this recommendation is sound for
cubic zirconia, it is not likely to be useful for tetragonal zirconia in view of the much higher
activation energy of grain growth reported in this study. Indeed, our experience found that
slow firing at low temperatures yielded the best results for tetragonal zirconia in most
cases.
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Grain Size Control of Tetragonal Zirconia Polycrystals

Using the Space Charge Concept
Shyh-Lung Hwang* and I-Wei Chen*

Department ot Materials Science and Engineering, University of Michigan,

Grain growth kinetics and grain-boundary segregation of
12Ce-TZP and 2Y-TZPF, containing divalent to pentavalent
cationic dopants, were studied. In all cases, normal grain
growth following the parabolic growth relation was ob-
served at higher temperatures. The mobility of grain
boundaries was suppressed by the addition of divalent and
trivalent cations, unchanged or enhanced by the addition of
tetravalent and pentavalent cations, Larger cations have a
stronger effect in suppressing grain growth. From ESCA,
AES, and STEM analysis of the near grain-boundary re-
gions, it is further concluded that only divalent and trivalent
cations segregate. These observations can be satisfactorily
rationalized using the space charge concept and the model
of impurity drag. [Key words: grain growth, tetragonal zir-
conia polycrystals, segregation, grain boundaries, dopants.]

I. Introduction

N THE space charge theory of Frenkel,' later extended by

Eshelby, Koehler, and their co-workers,”* surfaces, grain
boundaries, and dislocation cores in an jonic crystal are pre-
dicted to possess a net charge and to have a region of space
charge of the opposite sign adjacent to these lattice discon-
tinuities. While in theory the types of surface and space
charges are dependent on the formation energies of point de-
fects (vacancies and interstitials) in pure ionic crystals, it s
more likely, as in almost all practical cases, that they are dic-
tated by the effective charge of the aliovalent impurities.
Physically, if dopants of a positive (negative) effective charge
are present in the bulk, then the surface, in thermal equi-
librium, must possess a countercharge which is negative (posi-
tive). The dopants, in turn, must scgregate to the region
adjacent to the surface as a space charge so that the bulk of
the crystal remains essentially neutral. The role of Schottky
defects is merely one which mediates the above solid “elec-
trolyte,” although any tendency toward binding between
point defects and dopants to form ncutral complexes can
sharply reduce both the surface and the space charge.! Ex-
perimental evidence for the above behav or, the most defini-
tive one being found in alkali halides, has been previously
reviewed by Kingery. In comparison, systematic studies of
such effects 1n oxides have been lacking, although some lim-
ited data exist in MgO*® and Al,0;

Tetragonal zirconia polycrystals (TZPs) are a class of dis-
torted fluorite structure oxide ceramic which have an appre-
ciable solubility, of the order of a few percent, for a large
number of cationic dopants. The majority of such dopants are
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divalent and trivalent cations which also serve as tetragonal
stabilizers. According to the space charge theory outlined
above, they are expected to segregate to grain boundaries.
If so, they may also exert a solute drag on the motion of
grain boundaries. Inasmuch as grain size control is an essential
tool for tailoring mechanical properties of transformation-
toughened TZPs, with a direct consequence on their com-
pressive strengths, tensile strengths, fracture toughness,
superplasticity, and thermal stability, an understanding of the
space charge phenomena and their relationship to grain
growth is of considerable interest.

We have selected a Ce-TZP, containing 12 mol% CeO;, as
a base material and studied the effect of a number of dopants
on its grain growth and segregation behavior. This base ma-
terial was chosen because it remained in the single-phase te-
tragonal field when a small amount of dopants, ranging from
divalent to pentavalent cations, were added. To gain further
insight into the energetics and kinetics of the segregation and
grain growth behavior, dopants of different ionic radia are
contrasted. In addition, several other TZPs were studied to
further verify the space charge concept.

IL

High-purity 12Ce-TZP* and oxide or carbonate powders
were used as starting materials. Except where noted, dopant
concentrations were fixed at 1% substitution of the total
cation sites. The powder mixtures of 12Ce-TZP and the desig-
nated amount of additive oxides were attrition-milled in an
alumina jar using zirconia milling media with a polyelec-
trolyte. The milled slurry was cast, under a pressure of up to
1 MPa, into cakes with a diameter of 47 mm, which were
dried and 1sostatically pressed at 400 MPa. The green density
after isopressing was between 60% to 65% of the theoretical
density. Samples of 2Y-TZP and other TZPs were prepared
simtlarly, except tor a smaller dopant concentration ot 0.6%
substitution of the total cation sites when specified.

Sintering was performed 1n air at a constant heating rate of
10°C/min up to the desired temperatures, held there from 3 to
70 h, and then cooled in the furnace. In the case of indium
additions, samples were packed in powders of the same com-
positions to reduce the effect of indium volatization. The
density of the sintered specimen was determined by a water
immersion method and the phase content was analyzed by
X-ray diffractometry. For grain growth studies, only samples
of a density better than 999, and of 100% tetragonal phasc,
were used.

To reveal the grain boundances, thermal etching for 5 min
at 50°C below the sintering temperature was used. Grain sizes
were measured on SEM micrographs by multiplying the aver-
age lincar intercept of at least 500 grains by 1.5.

All the specimens could be fractured intergranularly at
room temperatures. This feature allowed the use of X-ray
photoelectron spectroscopy for chemical analysis (ESCA) of

Experimental Procedure

*Tosoh Tokyo Japan, with 0 01 wi'e Na-O and 0 009 wt'r S10;




3270 Journal of the American Ceramic Society — Hwang and Chen

the grain boundaries. A Perkin-Elmer PHI 5400 ESCA' with
Mg and Al targets was used. Since the ESCA signals came
primarily from elements on and within a distance of 1 to 2 nm
from the surface, such measurements are representative of
the near grain-boundary compositions. To determine the
depth distribution of the composition, argon icn beam sput-
tering, at 3 kV and 10 mA/mm?’, was applied to progressively
remove the near grain-boundary materials. Auger electron
spectroscopy (AES) was similarly performed using a JEOL
JAMP 30,} operated at low voltages. Scanning transmission
electron microanalysis (STEM) of the grain-boundary region
was also performed using a JEOL 2000 FX analytical electron
microscope! equipped with a high-angle beryllium-window
XEDS detector,! to complement the ESCA and AES analysis.

III. Results and Analysis

(1) Charge, Solubility, and Vegard’s Slope

To evaluate the effect of the ionic size of dopants and the
strain energy thereof, lattice constants of ZrQ,-MO, solid so-
lutions are required. Most data of solubilities and Vegard's
slopes of the binary solid solutions in the tetragonal ZrO,~
MO; phase ficld are available in the literature or from prior
work in our laboratory.*® When necessary, they have been
checked by precision X-ray measurements in this study. These
data are summarized in Table I for all the solutes studied
here. The reported solubilities are for the tetragonal phase at
1300°C, and the Vegard’ slopes are for the unit-cell volume at
room temperature. (Despite the phase change, the unit-cell
volume of both the tetragonal and the cubic phase usually
follows the same correlation AV/V; = aC, where V; is the (ex-
trapolated) volume of pure ZrO,, C is the mole fraction of
solute, and « is the Vegards slope.! Thus, the data on the
unit-cell volume of these two phases have been used inter-
changeably.) While these data may not be necessarily perti-
nent for phenomena occurring at other temperatures or for
ternary systems, it is obvious that the solutes studied here do
cover a broad range of charges, sizes, and solubilities, so that
any systematic dependence of segregation and grain growth
on these parameters, if it exists, should become apparent
from our results. In terms of ionic sizes, among the divalent
solutes, Mg?* < Ca?*; among the trivalent solutes, Sc** <
In** < Yb® < Y**; among the tetravalent solutes, Ti** <
Zr** < Ce**; among the pentavalent solutes, Nb** = Ta®*, It
is also interesting to note that both Ca®* and In**, which have
the smallest Vegard’s slopes among aliovalent dopants, have
the largest solid solubilities. On the other hand, isovalent dop-
ants (Ti** and Ce**) all have large solubilities in ZrQ, irre-
spective of sizes. Clearly, both charge and size mismatch are

'Perkin-Elmer, Eden Prairie, MN
*JEOL, Tokyo, Japan
¥Tracor-Northern, Middleton, WI.

Table . lonic Radius, Volume Misfit,
and Solubility of MO, in ZrO,

lonic radius* Solubility
(nm) Vegard's slope’  (mol% MO,™) Ref
Mg;* 0.089 -0.223(c) 1 11
Ca** 0.112 0.095(c) 5 12
Sc’” 0.087 —0.113(t) 6 13
In* 0.092 0.012(t) 9 13
Yb* 0.099 0.067(t) 5 13
Y 0.102 0.077(t) 5 14,15
T 0.074 =-0.172(c) 15 16,17
Ce* 0.097 0.179(t) 17 18,19
Nb** 0.074 0.041(t) 20
Ta®* 0.074 0.041(t) 20

‘Referencg 10 All for 8-fold coordination lonic radius of Zr'' =
0084 nm ‘AV/Vy = aC (a = Vegard's slope. C = solute mole fraction
Vo = umt-ceil volume of pure ZrQ;)
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important considerations for tetragonal solubilities in this
class of oxides. The lattice contraction in the presence of
“oversized” dopants, e.g., MgZ* and Sc**, is due to the oxygen
vacancies they create.

(2) Grain Size and Grain Growth Kinetics

Table II illustrates the progression of grain sizes, after sin-
tering at 14C1°C ror 2 h and annealing at 1420°C for 12 h, of a
series of 12Ce-TZP with different dopants. Selected micro-
graphs are shown in Fig. 1 to demonstrate the different grain
sizes. The grain size increases in the following order of
solutes:

Ca’ < Mg?* < Y** < Yb* < In** < Sc**
< Ce**(base composition) < Ti** < Ta’* = Nb**

A comparison of the above ranking with the data of ionic
radii and charges of the solutes leads to the following obser-
vations: (a) solutes of a lower valence are correlated with
smaller grain sizes; (b) solutes of a larger radius are correlated
with smaller grain sizes. Within the above series, there is no
exception to the above correlations.

We have obtained data of grain growth kinetics over a
ranzge of temperatures for the 12Ce-TZP doped with 1 mol%
Ca**, Mg¥, Y*, YB™, In**, and Sc** in order to substan-
tiate the above observations. In addition, undoped 12C¢-TZP
was also studied. We have plotted, 1n Fig. 2, the data of
1420°C assuming the following equation holds:

d"—di=K@t-1t) (=23 6y

In the above, d is the grain size, at time ¢, d, is the refer-
ence grain size at time ¢, and K is a temperature-dependent
rate constant. When n = 2, this is the so-called normal grain
growth equation. In the above we have chosen, in most cases,
the reference point as the 3-h sintered one, provided the den-
sity at such time has already achieved 99%. Gtherwise, a
longer t, is chosen to ensure the same high density. On a log-
log plot, a good fit to Eq. (1) should have a slope of unity.
Using this criterion, we find that the parabolic law gives a
better representation of the data at 1420° and 1500°C, while
the cubic law seems more satisfactory at 1300°C. It is also
noted that the relative order of the grain size among TZPs with
different dopants remains the same throughout the tempera-
ture range studied. To make this clear, the temperature de-
pendence of the rate constant in the parabolic law is plotted in
Fig. 3, with the activation energy given next to the Arrhenius
lines. A systematic decrease of the activation energy with in-
creasing mobility is now apparent. Lastly, we note that the
ranking of the solute in terms of its effect on grain size is the
same as that found in Table II. For examg)le, at 1420°C, in
Fig. 2, Ca® < Mg** < Y™ < Yb* < In’* < Sc** < Ce*
(base composition).

In the theory of normal grain growth, the rate constant in
Eq. (1) can be expressed as

K =2My (2)

In the above, M is the mobility of the grain boundary and v is
the grain-boundary energy. It is M, not y, that can often be
varied drastically by solute additions. Since the grain-boundary
energies of these TZPs are not known, although they are not
expected to vary by more than a factor of 2 to 3, we shall
let ¥ = 0.3 J/m* in order to compare the mobility in doped
12Ce-TZP with data of other oxides compiled by Yan et al.**
Also available are *he mobility data of 2Y-TZP and 8Y cubic
zircoma published recently by our group.* These data are
shown in Fig. 4, in which T, the melting temperature, has
tieen used for temperature normahzation (7,, = 2700°C for
Zr0;). Clearly, the mobility of zirconia grain boundaries
covers a fairly broad range at any given temperature For
example, a 12Ce-TZP doped with 1 mol% CaO has a mobility
comparable to 2Y-TZP, while the 8Y cubic zircoma has a mo-
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Table II. Grain Sizes of 12Ce-TZP + 1 mol% MO,

2+

4+ 5+

Solute Ca Mg Y Yb

In Sc Ce T T4 Nb

Grain size (um) 1.04 1.56 175 1.86

2.15 2.36 293 303 3.20 3.29

bility at least an order of magnitude higher than 12Ce-TZP. It
is also clear that the mobility of zirconia is not out of line
with other ceramics when compared at the same homologous
temperature. The activation energies and the prefactor of mo-
bilities are listed in Table III.

(3) Solute Segregation in Ce-TZP

Direct evidence of solute segregation at the grain boundaries
of 12Ce-TZP was obtained by ESCA, AES, and STEM. Typi-
cal ESCA spectra demonstrating the above are shown in
Fig. 5(A), in which both the spectrum taken from the as-frac-
tured, intergranular surfaces and that after 3-min sputtering
are compared. Using this technique, we have verified the seg-
regation of Mg?*, Sc**, In**, and Y**. The level of segregation
for In>* is somewhat higher than the rest of the trivalent
group. This was presumably due to its volatility, which would
drive In** toward grain boundaries to escape therefrom. The
segregation of Ta**, Nb** and Ce** was not detected. It
should also be noted that Si peaks were searched for but not
found in the above experiment. However, when 0.5 mol% of
SiO; was intentionally added to 2Y-TZP, a Si** peak was de-
tected on the grain boundary. Lastly Ca®*, Yb**, and Ti**
were not detected because of their low sensitivity factor or
the overlapping peaks of Zr** and these elements.
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Because of the low bulk solute content, a direct determina-
tion of the enrichment factor was not possible. As an alterna-
tive, the following semiquantitative analysis was performed.
We normalized the dopant peaks, Pp, at the grain boundary
by the host Zr peak, Py,, with the relative elemental sensitiv-
ity factor { taken into account in the following way:

So = Co(Po/ip)/(Pze/z:) &)

where C, is the bulk solute concentration (1% in most cases).
In the above, integrated peak intensity was used for P, and
Py, and the sensitivity factors were taken from Ref. 23. The
enrichment factor Sp thus defined serves as an approximate
index of the extent of grain-boundary segregation. The results
are shown in Table IV,

We have performed a similar analysis using AES for the
Ca-doped and Yb-doped 12Ce-TZP. The enrichment of Ca?*
can be seen in Fig. 5(B). Using the procedure above and
Eq. (3), we obtained an enrichment factor equal to 5. The
low-energy peak of Yb** cannot be differentiated from Zr**
peaks, unfortunately, because of peak overlap. Higher-energy
peaks were not possible because of surface charging prob-
lems. The AES results are also given in Table IV.

We have examined thin foil samples of Ca-doped 12Ce-
TZP using STEM. The signal of Ca?* was detected readily at
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Fig. 1. Microstructure of 12Ce-TZP sintered at 1400-C for 2 h and annealed at 1420 C for 12 b, dopants indicated
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Fig. 2. Grain growth kinetics of 12Ce-TZP at 1420°C; dopants
indicated.

the grain boundary, with a beam size of 5 nm, but not within
the grain. It should also be noted that Si-rich pockets could
sometimes be detected at the triple junctions with a 1-nm
glassy layer extended into all three grain boundaries. Si peaks
could be seen from microanalgrsis of those regions. Similar
observations were made on Yb°*-doped samples.

Summarizing the above data from ESCA, AES, and
STEM, we find Ca®*, Mg?*, and In** segregate strongly, Sc**
and Y** (and probably Yb’*) segregate moderately, and other
dopants, including Ce**, do not segregate or could not be
studied. In addition, a Si-rich glassy layer exists at grain
boundaries.

T 10
£ ® Ce(383kJ/mol)
] A Sc (399kJ/mol)
E O Yb{404kJ/mol)
3 o Y (488kJmol)

10° - + Mg (517kJ/mol)
X & Ca(536kJ/mol)
[
4
< 10"
[
(7]
4
8 1073 N
P
< o2
b ' y r

5.6 5.8 6.0 6.2 6.4

1T X 10

Fig. 3. Rate constant of the parabolic grain growth law against
reciprocal temperature; dopants and activation energies indicated.
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Fig. 4. Grain-boundary mobility of zircoma solid solutions and
other oxides compared at the same homologous temperature. Data
labeled as Ce are for 12Ce-TZP and data labeled as Y and Ca are for
12Ce-TZP with each dopant.

(4) Segregation in Other TZPs

In 2Y-TZP (containing 3.9 mol% YO,s), Y** was found
to segregate at the grain boundary, with an enrichment ratio
of 1.9 according to ESCA results. Thus, cationic dopants
from divalent to pentavalent ones were added to study co-
segregation of Y** and the dopants. In addition, we have
studied the effect of annealing atmosphere on segregation.
These results are summarized in Table V. When dopants at a
concentration of 0.6% substitution of cation sites were added,
we found all except Ce**, Ti**, Nb**, and Ta** segregated to
the grain boundary. In the case of Ce**/Ce**, after annealing
at 1300° for 1 h in argon or hydrogen, Ce** was found to seg-
regate strongly at the grain boundary. Overall, the segrega-
tion behavior of dopants in 2YTZP is exactly the same as
that found in 12Ce-TZP, despite the different segregation
tendencies of Y** and Ce** themselves.

We have also studied two other TZPs with trivalent stabi-
lizers. These are a Sc-TZP with 6.2 mol% ScO, ;5 and an In-
TZP with 8.6 mol% InO;s. In both cases, segregation of the
trivalent stabilizers at grain boundaries was detected by
ESCA. These results are also summarized in Table V.

(5) Concentration of Dopant

Since Ca’* appears to be the most potent dopant for sup-
pressing grain growth, it is of practical interest to examine
the effect of Ca* concentration. We have measured the rate
constant K in Eq. (1), for n = 2, at 1420°C for several Ca®*
concentrations. As shown in Fig. 6, the rate constant de-
creases monotonically with Ca?* concentration between 0 and

Table I, Grain-Boundary Mobility M of
Zirconia Solid Solution*

Composition M,
(solution 1n mol%) (m*/(N s)) (klgnol)
12Ce0;, 134 x 1072 393

12Ce0,, 1S¢O; s 129 x 1072 399

12Ce0,, 1YbO, 5 131 x 107* 404
12Ce0;, 1YO, 5 4.19 488
12CeQ;, IMgO 30.5 517
12Ce0,, 1Ca0 51.7 536
3.9Y0, (2Y-TZP) 224 x 107 445
14.8YO; s (8Y-CSZ) 374 x 10 284

‘M = My exp(~Q/RT)
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Table IV, Solute Segregation at
12Ce-TZP Grain Boundaries

Enrichment factor

Solute Cen /C bu Method
Ca 5 Auger
Mg 6.5 ESCA
Y 2 ESCA
Sc 2.3 ESCA
In 7.8 ESCA

Table V. Solute Segregation at
{-ZrO, Grain Boundaries

Solute Enrichment factor
(mol%) Cep /Chuik
39Y0,; 1.9
319Y0;;5, 0.3MgO 1.9 (Y), 6.0 (Mg)
3.9Y0,5, 0.3Ce0O, 1 (Ce)
3.9Y0,5, 0.3CeO, 5 >10 (Ce)*
6.2Sc0, s 20
8.6In0O; ¢ 4.5

*In hydrogen.

1 mol%. Thus, it is verified that the effect of Ca®* increases
with its concentration. At concentrations higher than 1 mol%,
the two-phase field of tetragonal and cubic phases was en-
tered. For example, cubic grains were observed at a volume
fraction of 10% at Ca** concentration of 1.5 mol%. However,
since cubic grains are relatively large and thus distant from
each other, compared to tetragonal grains, they have little
pinning effect on the growth of tetragonal grains, at least ini-
tially. A more detailed study of the kinetics of grain growth
of the two-phase region is in progress.

IV, Theoretical Considerations

(1) Electrostatics

To theoretically predict the electrostatic potential and the
charge distribution in the double layer near lattice discontinu-
ities, knowledge of the formation energies of cation vacancies
and anion vacancies, as well as binding energies between dop-
ant and point defects, is required. For tetragunal zirconia, no
quantitative information on these properties is available, al-
though it is known that anion vacancies are the predominant
point defects. This information alone is sufficient for making
the qualitative prediction that pure ZrO- possesses a nega-
tively charged grain boundary if we assume that the forma-
tion energy of an anion vacancy is smaller than that of a

T o3
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2
X 021
-
2
<
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»
Z 011
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o
w
”
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o« 0 1 2
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Fig. 6. Rute constant of the parabulic grain growth law of 12Ce-
TZP vs dopant (Ca0) concentration at 1420 C




3274 Journal of the American Ceramic Society — Hwang and Chen

cation vacancy. For an illustration of the concept, we have
sketched defect concentrations in Fig. 7. Note that charge
balance is maintained in the bulk while thermal equilibrium
is reached at the grain boundary. A negatively charged grain
boundary with a negative electrostatic potential as sketched is
thus necessary to fulfill the above two requirements. If diva-
lent and trivalent cations substitute for Zr**, at a concentra-
tion higher than that of the intrinsic point defects, then the
grain boundary is reversed to possess a positive charge. This
is also illustrated for the case of Ca doping in Fig. 7, where
similar requirements of charge neutrality in the bulk and de-
fect equilibrium at the boundary can be fulfilled by reversing
the grain-boundary charge and electrostatic potential. In be-
tween, at a special temperature~dopant concentration condi-
tion, the grain boundary remains neutral. This condition is
referred to as the isoelectric point. Theoretical predictions
suggest that the isoelectric temperature increases with the dop-
ant concentration.’

We have estimated in the Appendix the concentration of
intrinsic anion vacancies in pure ZrO,. We find that, in order
for intrinsic anion vacancies to dominate over 1% cation dop-
ants, a temperature higher than 2400°C must be exceeded.
Thus, over the temperature range studied here, the grain-
boundary charge is determined by the dopants.

Our data indicate that, generally, divalent and trivalent
cations segregate to the grain boundary, but tetravalent and
pentavalent cations do not. These observations strongly sug-
gest that the grain boundaries are positively charged in 12Ce-
TZP, 2Y-TZP, and other TZPs stabilized by trivalent cations
so that only cations with a negative effective charge are at-
tracted to the lattice discontinuities as a space charge. These
results can be understood in the following way:

(a) 2Y-TZP with a small amount of other dopants—The
positive grain-boundary charge is induced by the majority
aliovalent species, i.e., Y**; similar cases are encountered in
Sc-TZP and In-TZP, i.e., Sc** and In*.

(b) Ce-TZP with divalent and trivalent dopants—The
positive grain-boundary charge is induced by the aliovalent
dopants, i.e., Mg?*, Ca**, S¢**, In**, Yb**, and Y*".

{c) CeTZP with tetravalent dopants—It is known that
some Ce®* forms at high temperatures in air in CeO,. The

Pure Zr0O2 ZrQ2+1m/0oCal
K] -
= + - +
i, s
e ¢ e
k—'
s 5
g s Vo )
g F &Y E F kT
g (Vo ] b
©
[+]
0 3
. 2V z) .
§Foat ’
2e 2" ™ \avz,]

Distance from Boundary Distance from Boundary
Fig. 7. Schematic variations of electrostaucdpotemlal and defect
concentrations with distance from grain boundary Opposite grain-
boundary charges are developed in the intrinsic (pure ErO:) and in
the extrinsic (ZrO; + 1 mol% CaO) regimes (F~ = formation en-
ergy of Vz, . F~ = formation energy of V4 )
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same undoubtedly also occurs in Ce-TZP. Ce** could thus
serve as the requisite dopant that induces a positive charge
on the grain boundary. By assuming that the Ce**/Ce** ratio
in Ce-TZP is the same as in CeO;, the concentration of Ce**
is estimated in the Appendix and found sufficiently higher
than those of intrinsic defects. Thus it should dominate the
electrostatic behavior.

(d) Ce-TZP with pentavalent dopants—Nb** and Ta’* are
compensated by Ce** at high temperatures in CeO,, accord-
ing to the study of Naik and Tien.?*? The same presumably
also occurs in Ce-TZP. The excess Ce** over and beyond that
is then capable of inducing a positive charge on the grain
boundary. To support this argument we have estimated the
concentration of Ce**, with Nb** or Ta®* doping, in the Ap-
pendix and found Ce** always in excess.

(e) In principle, tetragonal ZrO, with an appropriate
amount of Nb** or Ta** dopants could possess a negatively
charged grain boundary. This is not practical, however, for
TZP of the composition ZrO,—(Nb,Ta),Os cannot be re-
tained at room temperature.® Thus, the most Nb** and Ta’*
can do in TZP is to shift the electrolytic condition slightly
closer to the isoelectric point so that the grain boundary is
less charged.

(f) Theoretically, Zr**/Zr** reduction would also be the
dominant mechanism responsible for the nonstoichioaetry ob-
served in pure ZrO,. If so, a positively charged grain boundary
in pure ZrO, should exist. All other arguments presented
above still stand.

Based on the above argument, we believe that, in effect, all
the TZPs currently known to us should have a positively
charged grain boundary and a negative space charge made up
of lower-valence cation segregants. In view of the above,
we will limit our analysis below to divalent and trivalent dop-
ants only.

(2) Solute Drag

Assuming the solute drag theory of Cahn®* is applicable
in the present case, the grain-boundary mobility can be ex-
pressed as

26-28

D
M= AC(kT) @

In the above, D is the diffusivity of the solute, AC is the
excess concentration per unit grain-boundary area, and kT
has its usual meaning. In ZrO; and its solid solutions, oxygen
vacancy diffusion is much faster than cation diffusion. Thus,
the main drag on the grain-boundary mobility comes from
cation solutes. In the following, we will examine the depend-
ence of D and AC on the size and the charge of cation solutes
in order to rationalize the grain size sequence reported in
Table II.

In the case of attractive interactions, most of the excess
solutes are localized near the grain boundary, and the drag
force is due to short-range interactions between solutes and
the grain boundary.”"®* Both elastic interactions and electro-
static interactions could be responsible for the attraction. Al-
though its exact quantity is not known, the electrostatic
potential in the double laye: is probably of the order of 1 to
2 eV, in view of the calculated defect energies in fluorite
structures recently reported.”* The elastic interaction can be
estimated from the misfit energy.”

+
Us(elastic) = %p.ﬂ(l ")oﬁ )

l=-v

where u is the shear modulus (80 GPa), Q1 1s the formula vol-
ume (0.035 nm’), v 1s Poisson’s ratio (0.3), and a is Vegard's
stope for volume musfit given in Table I. The typical values of
*he elastic energy range from 0.02 10 0.29 eV when « increases
trom 0.05 to 0.20. Thus, the electrostatic interaction 1s much
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larger than elastic interactions likely to be present in the sys-
tem. The contribution due to polarization is probably also
small, judging from the numerical studies on the dipole con-
tributions to space charge by Yan et al.*2

In view of the above, we believe that in tetragonal zirconia,
the attractive potential, electrostatic in origin, is primarily
governed by the effective charge of the dopants and second-
arily by the binding energy between these dopants and oxy-
gen vacancies but is insensitive to ionic size, polarizability,
and solubility. Dopants with a larger effective charge are ex-
pected to be more strongly attracted to the grain boundary as
the dominant space charge. This is consistent with our data in
Section III that divalent solutes (effective charge = -2) seg-
regate stronger (and impede grain growth more) than trivalent
solutes (effective charge = ~1).

Our data also indicate that smaller dopants, such as Mg2+
among divalent ones and Sc** among trivalent ones, result in
a higher grain-boundary mobility. In the extreme case, the
difference in mobilities can be an order of magnitude. Refer-
ing to Tables IV and V, we find that the variation in the en-
richment factor among dopants of the same valence is not
substantial. (In’* was excluded from this comparison because
of its high vapor pressure.) Therefore, it seems more likely
that the effect of ionic size is due to the faster diffusivity of
smaller cations, i.e., D rather than AC in Eq. (4). Although
data for interdiffusion of solutes in TZP are not available, the
above proposition is consistent with solute interdiffusivity in
cubic zirconia® and with several related observations in pre-
cipitate coarsening" which implicates faster diffusivities of
smaller ions relative to other trivalent and divalent cations.

V. Discussion

(1) Grain Growth in TZP

The solute drag mechanism was first proposed by Lee and
Chen to be the cause of slower grain growth found in 2Y-TZP
in comparison to that in 8Y cubic zirconia.® In addition to a
slower growth rate, they observed a much higher activation
energy and a lower grain-boundary energy in 2Y-TZP. They
argued that all such observations are consistent with grain-
boundary segregation and solute drag in 2Y-TZP and not in
8Y cubic zirconia. Segregation of stabilizers in tetragonal zir-
conia to grain boundaries has not been reported before, al-
though segregation of Y>* to the free surfaces has been
known for some time through the work of Auger electron
spectroscopy. Based on the latter observation, Burggraaf and
co-workers had speculated that a similar trend occurred at
tetragonal grain boundaries and could cause a grain growth
suppression.** The present study, by providing direct observa-
tions of segregation and a systematic comparison of different
dopants, supports and extends Lee and Chen’s conclusion to
other TZP systems.

Concerning activation energies of mobility shown in Fig. 3
and Table III, a correlation between a higher activation en-
ergy and a lower mobility seems to hold. The temperature
dependence of the mobility arises from two sources, the ex-
cess solute AC and the (lattice) interdiffusion of solute D,
according to Eq. (4). If we further assume that isoelectric so-
lutes segregate similarly, as suggested by their similar enrich-
ment ratios, then the difference in activation energies among
them is due to the diffusivity. Since larger solutes are ex-
pected to have a higher activation energy for lattice diffusion
(also supported by diffusivity experiments®), the observed
trend in activation energy is consistent with the overall pic-
ture thus far provided.

To appreciate the imphcation of the temperature depend-
ence of AC, the following preliminary estimation of segregation
energy is helpful. We note the activation energies for lattice
interdiffusion and self-diffusion in cubic zirconia are 423 (Ca),
293 (Mg), 423 (Y), and 361 (Zr), all in units of kJ/mol.** If we
assume that these values are unchanged for TZP, we can then
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compare them with Q in Table III and attribute the difference
to segregation energy. In this way, we find that the segregation
energy of divalent cations (Ca”*, Mg®*) is consistently higher
than that of the trivalent cation (Y**). Taking Ca** as an
example, the segregation energy is estimated to be 113 kJ/mol
or 1.22 eV. This value, though crude, seems reasonable. Pre-
sumably, it is this segregation energy which gives rise to the
temperature dependence of AC.

(2) Strain Energy Argument

Lange*~* and co-workers have offered an entirely differ-
ent proposition to explain the slow grain growth in stabilized
TZP.>% They suggest that the tetragonal phase field is much
narrower at 1300° to 1500°C, at equilibrium, than generally
assumed, and that a suppression of grain growth is observed
only in the “two-phase” field, which approaches equilibrium
by solute partitioning over a very long time. Such a picture,
however, does not provide a mechanism for the slow grain
growth by itself unless the cubic phase is already present
and serves as the pinning phase. The latter is unlikely since
the cubic grains are typically much larger than tetragonal
grains and are thus relatively few in number. To provide a
mechanism for suppressing grain growth, they further propose
that during grain growth, solute partitioning also proceeds
to give rise to a strain energy as a result of the compositional
dependence of lattice parameters.® This rise in strain energy,
according to this argument, suppresses grain growth. This
latter proposal can be tested against the grain growth data
reported here directly. Since In>* doping causes the least mis-
fit, according to Table I, we should observe the fastest grain
growth in this material. This is not the case in Figs. 2 and 4.
Likewise, since Ca?* doping causes less misfit than Mg?*
doping, the grain growth in Mg®*-doped Ce-TZP should be
faster—again in contradiction to our results. Indeed, we must
conclude that Lange’s strain-energy argument is not borne out
by the data of grain growth kinetics.

Data in Fig. 6 are similar to the observation made by
Lange on the Y** concentration dependence of grain size in
the ZrO,-Y;0; system, yet we believe that the data can
be easily rationalized by the proportionality between AC and
Cy, which results in an inverse dependence of M and C,,
according to Eq. (4). When a two-phase field is finally en-
tered at higher concentrations, the mobility of tetragonal
grain boundary will probably remain constant (being set by
the solubility limit of the tetragonal phase) until the cubic
phase fraction becomes high. This explains the shape of the
curve in Fig. 6.

(3) Role of a Glassy Phase

We finally address the issue of the glassy grain-boundary
phase which seems to exist ubiquitously in a zirconia system.
First, we must state that the space charge should arise near
any geometric discontinuity, including a phase boundary,
which is a source and sink of point defects.’ Thus, even in the
presence of a glassy layer between grains, the grain-boundary
movement will experience a solute drag. Second, in the very
fine grain ceramics that we have studied, the thickness of the
glassy layer is about 1 nm, which would be within the coher-
ent length calculated by Clarke using a structural force
model.”” Thus, it is not surprising that adjacent grains interact
in a way similar to grains across a “clean” boundary. This
argument is further supported by the existence of the charac-
teristic dihedral angle between tetragonal and cubic grains 1n
the two-phase field.* Third, for such thin grain boundaries, 1t
is probable that diffusion across the glassy layer 1s fast com-
pared to solute drag which 1s controlled by lattice diffusion.
Thus, the mobility of a grain boundary, wetted by a small
amount of glass, can still be rate-limited by solute drag via the
space charge mechanism. In this regard, the overall grain
growth kinetics of a shghtly glass-containing ceramic is not
mechanistically different from that of a glass-free ceramic
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VI. Conclusions

(a) Inall the cases of practical interest, tetragonal zirconia
possesses a positively charged grain boundary causing segre-
gation of divalent and trivalent stabilizers to the grain
boundaries, independent of ionic size and solubility.

(b) Grain-boundary mobility in TZP is primarily con-
trolled by the space charge segregation of divalent and triva-
lent solutes, and secondly by the lattice diffusivities of these
solutes: the largest divalent solute provides the strongest
grain-boundary drag.

(c) The activation energy of grain-boundary mobility in
TZP is higher than that of lattice interdiffusivity of dopants.
The difference may be attributed to a segregation energy; the
divalent solutes have a higher segregation energy than triva-
lent solutes.

(d) A sufficiently thin glassy layer has no effect on the
applicability of the space charge concept. Thus, solute drag
can still operate in slightly glass-containing ceramics of very
fine grains.

APPENDIX
Nonstoichiometry in Zr0O;, Ce-TZP, and Nb-Doped Ce-TZP

(I) ZrO;

Pure ZrO; contains anion vacancies and may be written as
Zr0,.,. According to the recent data of Aldebert er al.,* x
varies from 0.001 at 1925°C to 0.052 at 2410°C in a helium at-
mosphere. Extrapolating these data to lower temperatures, the
values of x are given in Fig. Al. These values are representa-
tive of the concentration of the intrinsic vacancies. Clearly,
they are much smaller than the typical dopant concentrations
used in this study.

(2) CeO;and Ce-TZP

Pure CeO; contains anion vacancies, compensated by con-
current reduction of Ce** to Ce>*. Thus, it may be written as
Ce{*Cedf O,_,. Ce** is responsible for a type of electronic
conductivity, via the so-called small polaron mechanism.”
The latter has a very small activation energy, ca. 0.15 ¢V,
compared to that of the [Ce**), ca. 2.1 eV. Thus, the nonstoi-
chiometry and {Ce®*] can be determined by conductivity
indirectly.

Naik and Tien found a correlation between electrical con-
ductivity o and x of the following form:?**

[Ce** hanase = 22 = 23 X 10720 (7 - cm™Y) (A-1)
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Fig, AL Defect concentrations vs reciprocal temperature for pure
Z10; and its solid solutions (see text)

Vol. 73, No. 11

between 900° and 1329°C, through conductivity and thermo-
gravimetric experiments in CeO,. From their conductivity
data at 1420°, 1329°C, and below, we can estimate [Ce**] in
pure CeQ,. Assuming [Ce**] in 12Ce-TZP is 12% of the
above, we plot the estimated [Ce**] in 12Ce-TZP in Fig. Al.
Clearly, in the absence of aliovalent dopants, [Ce*] is suffi-
ciently abundant between 1000° and 2000°C to be the predomi-
nant charged species.

(3) 12Ce-TZP Doped with Nb** and Ta’*

Naik and Tien reported that Nb’* dopants in CeO; at high
temperatures were accommodated by replacing equal num-
bers of Ce** and formation of Ce?**. 2% Thus, the Nb-doped
CeO, may be written as Ce{*,,-,Ce3’, ,Nb,**O,_, to account
for both the intrinsic and the extrinsic defects. Assuming the
same mobility of electrons by the small polaron mechanism
we have calculated [Ce*] in a Ce0;-0.40 mol% Nb,Os at
1029° and 1420°C, from the conductivit?' data of Naik and
Tien.?*?* Comparing [Ce®*] in the Nb>*-doped (extrinsic)
case and the undoped (intrinsic) case estimated in Section (2),
we find the following relation being observed closely:

[Ce]*]exlnnnc = [Cea#]ln"lnllc + [Nb5+] (A—z)

at these temperatures. This conclusion is also supported by
the closeness of the thermogravimetric data of the doped and
undoped CeO; at high temperatures.*?* Assuming the same
mechanism of Nb**/Ce®* compensation operates in 12Ce-
TZP, we have calculated the total concentration of Ce** with
1% Nb** dopants and plotted it in Fig. Al.
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IV. THE ROLES OF LIQUID PHASE IN SUPERPLASTIC CERAMICS

Liquid phase is ubiquitous in certain ceramic systems, e.g., zirconia and silicon nitride. Since
the liquid resides at the grain boundary, it can influence the microstructural evolution. This aspect
is usually viewed negatively because of the resulting degradation of properties. On the other hand,
the grain boundary liquid may also confer important advantages, such as a lower flow stress in
superplastic deformation. However, this must be done judiciously to maintain a satisfactory
threshold against decohesion. We have systematically studied liquid additives in zirconia and in
silicon nitride with the intent of understanding their roles in microstructural development and in
deformation. This has led to the discovery of Cu and other patented elements as beneficial
additives to Y-TZP for enhancing the formability. In the case of silicon nitride, we discovered a
novel mechanism in which the colloidal interaction between grains via the liquid phase gives rise to
a unique shear-thickening phenomenon in creep. The mechanisms of liquid-assisted grain growth

and creep have also been elucidated.

ix
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ANISOTROPIC GRAIN GROWTH DURING FINAL STAGE SINTERING OF
SILICON NITRIDE CERAMICS

C.M. Hwang, T.Y. Tien, and I-Wei Chen
Department of Materials Science and Engineering
The University of Michigan
Ann Arbor, I\gclsiigan 48109-2136

S.A.

ABSTRACT

The kinetics of grain growth of B SiIAION are reported for a broad range of compositions
containing YAG and cordierite additives. Anisotropic growth favoring a prismatic
morphology was found in all cases. Both the length and the width of the grains follow a
cubic growth law. The activation energies were determined to be between 145 and 180
Kcal/mole. High resolution TEM examination revealed a rounded growth front along the
[001] direction and a sharp interface with very few ledges along the [210] direction. A growth
model, which envisions continuous growth in the {001] direction and lateral ledge growth in
the [210] direction, appears to provide a satisfactory explanation of these observations.

INTRODUCTION

Grain growth during the final stage of liquid phase sintering is commonly reported to
follow a cubic law analogous to Ostwald ripening. Both diffusion through the liquid and
interface reactions at the solid/liquid interface are possible rate-controlling mechanisms [1].
Most theoretical analyses and model experiments have been conducted for isotropic systems
consisting of equiaxed grains. In silicon nitride ceramics, however, grain shapes are very
anisotropic, with B-SiAION grains growing as hexagonal prisms along the [001] direction [2).
An example of such microstructure is shown in Fig. 1. Anisotropic grain growth in liquid
phase sintering of this system has not been quantitatively studied. This investigation reports
on the kinetics of grain growth and on the structure of solid/liquid interfaces in 8-SiAION with
Y3Al5015 (YAG) and MgyAl4SisO; g (cordierite) additions. Based on these experimental

observations, a model is proposed to account for the anisotropic growth behavior.

EXPERIMENTAL

SiAION solid solutions were prepared in the system Si, Al, X/O, N, with X = Y or Mg.
The B solid solution compositions are shown in Fig. 2. The compositions were sintered in a
nitrogen atomsphere between 1400° and 1800°C. The kinetics of both densification during

sintering and the accompanying a to 8 phase transformation were already reported in the
companion paper [3]. Data for grain growth were taken after the completion of the phase
transformation. High resolution electron microscopy was performed using a JOEL 2000FX
microscope operating at 200KV,
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Fig. 1 A typical SEM microstructure of 8-SiAION ceramics. (bar = 5 pm)
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Fig. 2 The phase diagrams in the system Si, Al, X/O, N, with (a) X=Y and (b) X=Mg.
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RESULTS

The growth rates of B grains in the SIAION-YAG system are shown in Fig. 3 for the
[001] direction (length) and the [210] direction (width). The rates are highly anisotropic and
can be expressed in the form:

d"-d " = K(t-t,) (1)
where d is the average grain dimension at time t, d,, is the dimension at time t,. A cubic law,

n=3, was found to be consistent with all of the growth data, in both directions and in both
systems. The rate constant, K, is relatively insensitive to the amount of the liquid (Fig. 4),
but very sensitive to the alumina content as shown in Fig. 5. A higher growth rate was found
in the SiAION-YAG system (Fig. 6). The activation energy of the rate constant was found to
be about 160 Kcal/mole for the SiAION-YAG system and about 170 Kcal/mole for the
SiAlON-cordierite system. Similar to the difference in the kinetics of densification and phase
transformation discussed in th~ companion paper (3], grain growth in the SiAION-cordierite
system is consistently slower than that in the SIAION-YAG system. This is due to the
difference in liquid viscosity in the two systems which results from the difference in the silica
content of the liquids.

Further insight into the growth anisotropy was provided by examination of the
solid/liquid interface using high resolution electron microscopy. A micrograph of a lattice

image of a B grain in the SiAION-YAG system is shown in Fig. 7a. The structure of this
grain, which is mostly enclosed in a glassy phase, was identified by diffraction analysis as
shown in the figure. The semi-spherical cone in the [001] growth front is clearly shown in
Fig. 7b, which indicates the presence of continuous growth steps characteristic of a diffuse
interface. Along the [210] growth front, the interface is sharp except for a ledge as shown in
Fig. 7c. These structures are suggestive of different growth kinetics which are in turn
responsible for the anisotropic grain shape.

MODEL OF ANISOTROPIC GRAIN GROWTH

The model we propose here assumes continuous growth on the diffuse interface in the
[001] direction and lateral growth by a ledge mechanism on the sharp prismauc planes in the
[210] directions. The model is schematically depicted in Fig. 8. We represent the volume of
the prism by

v =i 2)
where 1 is the length and r is the root mean square radius of the cross section. The growth rate
1§ given by

dv/dt = r dl/dt + 2xir dr/dt 3)

In the above, the first term is the growth rate in the [001] directon and the second term is the
growth rate 1n the [210] directions. The normalized driving force for grain growth is taken to
be

F = yQKTr 4)
where ¥ is the normalized sohid/liquid energy of the prismatic pianes. §2 i1s the molecular

volume, and kT has 1ts usual meaning.
The growth rates in the two directions are respectively given by

dldt = DcF/r (3)
dr/dt = DcF/ (6

In the above. D is the solute diffusivity in the liquid which 1s used to relate the jump
probability at the solid/liquid interface, and c is the solute concentrauon 1n the hquid. Here,

and
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Fig. 7 a) A typical grain in SiAION ceramics. (10+0) plane is par_allel to the ngain gxis
[001] direction. b) The enlarged view of the growth front in the {001] direction.

¢) The enlarged view of the growth ledge on the (10+0) plane.
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Fig. ¥ A schemanc illustraung the solid-liquid interface structures ot a  SiAION grain
1 tne [001] and [210] directions dunng anisotropic grain growth.
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we have assumed diffusion control in both cases and a perfect sink efficiency at the diffuse
(001) interface and along the ledge on the (10+0) prismatic planes. Only lattice sites facing
the [001] direction are counted. Additional geometric considerations, which will slightly
affect the growth rates at low volume fractions of liquid, have been omitted in both
expressions.

Because of the diffusion dependence of the growth equations given above, it is clear that
the origin of the growth anisotropy for these grains lies in the disparity of available growth
sites for the two types of solid/liquid interfaces. Following a simple manipulation of Egs.
4-6, we confirm that a cubic law is followed by both | and r. As expected, their rate constants

are both proportional to DcYSU/KT, but otherwise differ by a factor of (10/r0)3. strongly
favoring growth in the length direction. Here, 1, and r,, are the grain length and radius,
respectively, at ime t,.

DISCUSSIONS

Phenomenologically, anisotropic grain growth in the present systems seems to be
consistent with the diffusion control mechanism outlined above. The key observations in
support of this argument are (a) growth exponents being 3; (b) kinetics sensitive to liquid
viscosity but not to liquid fractions; and (c) similar activation energies in both the sharp [21C]
and diffuse [001] growth directions. Note that (b) is not consistent with interface reaction
control; furthermore, in contrast to (c), a higher activation energy for the sharp interface is
expected for interface reactions.

The presence of a ledge on (10+0) prismatic planes can be thought of as due to a screw
dislocation in the [001] direction. As a common origin providing growth steps on an
atomically sharp interface, a screw dislocation normal to such a plane generates a spiral
growth step which expands outward at a constant radial velocity [4]. Simple calculations
pertinent to Ostwald ripening of prismatic grains have verified, however, that the critical
radius of the spiral in the present case is of the order of r. Hence, only one spiral turn can fall
on the six prismatic (100) surfaces. Indeed, in Figure 7c, only one growth step can be seen
on the side surface. As this growth step sweeps over (10+0) surfaces by one turn, the prism
grows in the width direction by one molecular layer.

ACKNOWLEDGEMENT

This research was supported by US Department of Energy, Office of Basic Energy Sciences.
Materials Science Division, under Grant No. DE-FG02084-ER45069. Onc of us (I-W. C)
also acknowledges the support by US Air Force, under Grant No. AFOSR-87-0289. The
experimental assistance of H. Hohnke is gratefully appreciated.

REFERENCES

. R.M. German, Liquid Phase Sintering, Plenum Press, New York (1985).

H. Hohnke and T.Y. Tien, Progress in Niwrogen Ceramics, Martinus Nijhoff,
Netherlands (1983).

C.M. Hwang and T.Y. Tien, the companion paper (1987).

F.C. Frank, Discussions Faraday Soc., §. 46 (1949).

-

o




4.2 "Effect of a Liquid Phase on Superplasticity of 2 mol% Y203-Stabilized
Tetragonal Zirconia Polycrystals”
C.M. Hwang and I-W. Chen, Journal of the American Ceramic Society

X1




Reprinted from

the Journal of the Amenican Ceramic Socicty, Vol 73, No 6, Junc 1990
Copynght © 1990 by The Amencan Ceranuc Socicty, Inc

J Am Ceram Soc.78 (6] 1626-32 (1990)

Effect of a Liquid Phase on Superplasticity of
2-mol%-Y,0,-Stabilized Tetragonal Zirconia Polycrystals

Chin-Mau James Hwang** and |-Wei Chen*

Department of Materials Science and Engineering, University of Michigan,

A small addition of CuO to 2-mol%-Y,;0,-stabilized tetrago-
nal zirconia polycrystals significantly enhances superplas-
ticity by forming an amorphous grain-boundary phase
containing primarily Cu*, Y**, Zr*, and 0", This phase
apparestly melts at around 1130°C, but it already provides a
fast diffusion path even below the melting temperature,
There are abrupt changes in stress exponent, activation
energy, and grain size exponent across the melting tempera-
ture. Superplasticity is diffusion-controlled below the melt-
ing temperature and is interfaced-controlled above that, [Key
words: yttria-stabllized tetragonal zirconia polycrystals,
plasticity, liquid phase, creep, grain boundaries)

1. Introduction

Cem\mc superplasticity has been investigated in recent
years by many rescarchers,"'® most notably Wakai and
co-workers.>-* Large tensile ductilities were demonstrated in 2
few cases,’ raising the hope that superplastic forming of
crystalline ceramics may be technologically feasible someday.
Presently, yttria-stabilized ictragonai zirconia polycrystals
(Y-TZP) and their composites cav “e superplastically de-
formed at a strain ratc of 1074/, ‘<1 .cratures above 1400°C,
and stress around 25 MPFa, but it¢ ‘low stress increases
rapidly to well above 100 MPa as ti+ *cmperature is lowered
to 1250°C.>*™* We believe that the prospect for superplastic
forming of cerumics will become brighter if the forming tem-
perature and the flow stress can be lowered to say, 1200°C
and 50 MPa, which are comparable to hot working conditions
for metallic allovs sucn as superalloys and molybdenum. ™

We have speculated that a lower forming temperature and
a lower tlow stress might be realized in ceramics sintered at
low temperatures. If so, then there are two obvious ap-
proaches which might be taken to achieve *his goal. The first
one is a processing approach, using collidal techniques to
lower the sintering temperature. A classical example of this
type was given by Rhodes on a yttria-stabilized zirconia
which was sinterable at 1000°C." The second one is a chemi-
cal approach, using additives which lead to liquid-phase sin-
tering.*'* In this study, we have explored both approaches in
Y-TZP and obtained a very substantial improvement in the
superplastic forming conditions.

The benefit of low-temperature sintering made possible by
collodial provessing should be apparent. Ceramics frocessed
in this way are known to have smaller grains with a narrower
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size distribution.”"*\” These microstructural features can fa-
cilitate diffusional creep which is akin to superplasticity. Evi-
dence for liquid-enhanced creep has also been documented
in silicon nitride,”®" glass-ceramics,?®%' other polycrystalline
ceramics,’"2 and metal.”® In theory, for this to happen, the
liquid has to wet grain boundaries fully and support a normal
stress. In addition, the surrounding grains must be able to dis-
solve in this liquid. Under such circumstances, mass transport
along and across grain boundaries will largely take place
within the liquid film, which remains between grains regard-
less of the local stress state. This is the so-called solution-
reprecipitation mechanism.

Without a liquid phase, diffusional creep via grain
boundary is described by the Coble equation®

e= Alﬂﬂﬁ,oD,b/"Tds t)]

in the abuve, ¢ is ti.c strain rate, 4, is a constant, ¢ is the
stress, {1 is the atomic volume, 8, is the effective thickness of
the grain boundary, D is grain-boundary diffusivity, k is the
Boltzmann constant, T is the temperature, and d is the grain
size. The presence of a liquid phase at the grain boundary can
alter the above equation in several ways, The following two
cases are of special interest to the present study.?0#2"%

(A) Diffusion control: If the mass transport through and
across the grain boundary is rate-controlling, then Eq. (1) is
modified by substituting C,8,D, for 8, Dy. Here C, and D, are
the solubility and the diffusivity, respectively, of the rate-
controlling species in the liquid film, and 8, 1» the liquid film
thickness. Since &, is proportional to the volume fraction
of the liquid, ¥, and the grain size, the following rate equa-
tion obtains:

¢ = AoQW,C,Dy/kTd?

In the above, we have introduced a new constant A,.

(B) Interface control: If the solute diffusion rate far ex-
ceeds the interface reaction rate required for atom attach-
ment and detachment, then diffusional creep is controlled by
the latter and the strain rate is proportional to the rate of the
interface reaction. Quite commonly, such reactions have a
nonlinear, threshold type of dependence on the driving force,
which is () in our case (for example, if nucleation of a sur-
face step is required).” The average straiu per grain, from the
deposition and removal of materials at its grain boundary, is
inversely proportional to the grain size. Taking these consid-
erations into account, the following rate equation obtairs;

€ = AyeQ))'/kTd 3)

In the above, we have introduced a new stress exponent
n > 1 and another constant A;.

It should be obvious that the presence of an amorphous,
and, indeed, any low-melting-point grain-boundary phase, has
an effect similar to using liquid. This statement is supported
by reports of enhanced kinetics sometimes observed below
the melting (eutectic) temperature of the grain-boundary
phase '* We believe the above mechanistic picture leading to
Egs. (2) and (3) for liquid-enhanced creep is applicable below

@
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the eutectic temperature as well, if we simply envision the
grain-boundary phase as a short-circuit diffusion path. How-
ever, considering the different physical properties of grain-
boundary phases above and below the eutectic temperature,
we may still anticipate a transition in the enhanced Coble
creep behavior near the eutectic temperature.

In this study we repct sintering, grain growth, and super-
plasticity of Y-TZP’s, with and without addition of a small
amount of a low-melting phase. We wish to demonstrate that
a drastic improvement of the superplastic forming conditions
can be achieved by such an addition. A better understanding
of such practice will be afforded by an examination of the evi-
dence for mechanism changes attributable to the presence of
amorphous and liquid grain-boundary phases.

I1. Experimental Procedure

() Materials

The two systems selected in this study were single-phase
zirconia containing 2 mol% Y,0;, designated as 2Y-TZP, and
2YTZP containing CuO. Unlike 3Y-TZP (ZrO; with 3 mol%
Y,0;) which typically contains both the tetragonal and the
cubic phase, 2Y-TZP is a single-phase tetragonal polycrystal.
The eutectic melting temperature of CuO/Cu,0-Zr0; is con-
veniently located at 1130° and 1090°C in air and in 1 atm
(10° Pa) of oxygen, respectively.” The above temperatures are
within the range of low-temperature superplasticity for 2Y-
TZP. Since the solubility of Cu in zirconia is negligible, Cu is
not expected to alter TZP's deformation behaviors by solid
solution. To keep the amount of the liquid phase small, only
0.3 and 1 mol% CuO were added to 2Y-TZP.

Highly pure commercial 2Y-TZP' and CuO* powders were
used as starting materials. The powder mixtures of 2Y-TZP
and the designated amourt ¢~ CuO were attrition-milled in
an alumina jar using zirconia milling media with a surfactant.
The milled slurry was cast, under a pressure of up to 0.7 MPa,
into cakes with a diameter of 47 mm, which were dried and
isostatically pressed at 400 MPa. The green density after iso-
pressing was between 60% and 65% of the theoretica! density.

Sintering studies were performed in air using a sintering
dilatometer, at a constant heating rate of 7.5°C/min. For de-
formation studies, samples were sintered at 1250°C for 1.5 h.
The density of the sintered specimen was determined by a
water immersion method, and the phase content was analyzed
by X-ray diffractometry. Only those specimens with more
than 98% of the theoretical density and 100% tetragonal
phase were accepted for this study. Annealing at various tem-
peratures and times was also performed to coarsen the grain
size when necessary.

(2) Testing

Square bar compression - ~=cimens with a height/width ratio
of 2.3 were prepared by gr..Jing. Deformation was conducted
in uniaxial compression to minimize the effect of cavitation
on the constitutive behavior. All tests were conducted in air,
between 1000° and 1250°C, with strain rates from 107° to
107%/s, in a platinum furnace. The actual specimen tempera-
ture during the test was monitored by a thermocouple imme-
diately adjacent to the specimen surface. An alumina
hemispherical seat and a set of SiC plattens were used in the
loading train. With this arrangement, little evidence of end
friction was detectable even at very high strain rates. Speci-
mens were allowed to stabilize at the test temperature for 10
to 15 min before the tests began. Deformation was continu-
ously monitored during the test using an extensometer. Most
tests were run using a constant displacement rate, and the
load and displacement readings were converted into true

'Tosoh, Tokyo, Japan
*Alfa Products, Danvers, MA

stress and true strain rate data reported below. Since steady-
state deformation could be reached with strains of the order of
a few percent, a single specimen was often used for flow stress
determinations at two to three increasing displacement rates.
Typically, a test lasted no longer than one-half hour at the test
temperature, and testing was terminated after reaching a
height reduction of 50%. Under these conditions, very little, if
any, grain growth was found in the deformed specimens.

Microstructures and microchemistry of the studied speci-
mens were characterized by electron spectroscopy for chemi-
cal analysis (ESCA), SEM, and TEM. The grain size reported
was obtained by multiplying the average linear intercept of at
least 500 grains by 1.56. Additional micromechanical meas-
urements of hardness and indentation toughness were made
by using a Vickers indenter operated at a load over the range
of 15 and 40 kg.

III. Experimental Results and Analysis

(1) Sintering and Grain Growth

CuO (0.3 mol%) greatly affected the densification behavior
of 2Y-TZP, as evidenced by a shift of the shrinkage curves to-
ward a lower temperature. The maximum shrinkage rate of
CuO-containing 2Y-TZP (denoted as 2YZ~0.3 Cu) occurred
at 1120°C. Unlike the shrinkage curve of 2Y-TZP, which ap-
pears symmetric with respect to the inflection point, at
1165°C, the shrinkage of CuO-containing specimen was much
faster above the inflection point. Since the eutectic tempera-
ture in the air is 1130°C in the system CuO/Cu,0-ZrO;, we
may attribute the enhanced sintering to the formation of a
liquid phase. This kind of nonsymmetrical shrinkage behav-
for in sintering has been reported before in other materials
when a liquid is generated during heating."

We found it possible to obtain specimens with 298% theo-
retical density in 2Y-TZP by sintering at 1200°C, and in 0.3%
CuO-added 2Y-TZP at 1150°C. Higher densities could be rou-
tinely obtained by raising the sintering temperature. For de-
formation studies described below, samples sintered at 1250°C
for 1.5 h were used.

The addition of CuO enhanced grain growth as well, as evi-
dent from the micrographs in Fig. 1, after sintering at 1250°C
for 1.5 h. Linear intercept measurement of the two micro-
graphs in Fig. 1 gave a grain size of 0.21 and 0.35 um for
single-phase and CuO-containing 2Y-TZP, respectively. De-
spite their different sizes, grains in both TZPs remained
equiaxed. Thus, we may compare their deformation behaviors
without regard to grain morphology.

(2) Superplasticity of 2YTZP

The flow behavior of 2Y-TZP of a grain siz: of 0.21 um is
summarized in Figs. 2 and 3. Figure 2 demonstrates that a
strain rate sensitivity m, defined as the slope in the log strain
rate-log stress plot, of 0.67 = 0.05 is obeyed at all tempera-
tures except at the highest stresses. A high strain rate sensi-
tivity is characteristic of superplastic flow. Above 800 MPa
(i.e., 1% of the shear modulus) at lower temperatures, the
strain rate sensitivity is lower, below 0.1, indicating a change
of deformation behavior from superplasticity into obstacle or
lattice resistance-limited dislocation glide. Thc stress expo-
nent n, defined as the reciprocal of m, is 1.6 in the superplas-
tic regime in this material and it increases to over 10 above
800 MPa. Previously reported values of strain rate sensitivity
in 3Y-TZP range from 0.33 to 1, all at higher temperatures.2-53

The temperature dependence of the superplastic flow is
shown in Fig. 3, giving a single activation energy Q of
630 kJ/mol between 1100° and 1250°C. The value is on the
high end of th~ range of activation energies, from 360 to
655 kJ/mol, reported for creep and superplasticity of Y,O;-
stabilized tetragonal and cubic zirconia, >3-4

The grain size dependence of superplastic flow of 2YTZP
during superplastic deformation at 1175°C 1s shown in Fig. 4,
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Fig. 1. As-sintered microstructures of three 2Y-TZP's: (A) without additive, (B) with 0.3 mol% CuO, and (C) with 1 mol% CuO;
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where the strain rate at a constant stress is plotted versus the
grain size in lup~*".. mic scale. The result yielded a grain size
exponent p, uefinc g as ‘7.2 negative of the slope in Fig. 4, of
2.7 = 0.2. Previousi* " 1-TZP has been studied by Wakai for
one grain size only, over the temperature range of 1250° to
1450°C, and by Yoon and Chen in our laboratory for a range
of grain sizes over the temperature range of 1250° to 1400°C."
Using the activation energy and the grain size exponent
reported above, we can compare our data with those of the
wo previous studies at 1250°C, for a reference grain size of
0.33 um. As shown in Fig. 5, these data are reasonably close
to each other.

(3) Superplasticity of CuO-Containing 2Y.-TZP

Flow behaviors of two CuO-containing 2Y-TZP’s, one with
0.3 mol% CuO and a grain size of 0.35 um and the other with
1 mol% CuO and a grain size of (0.41 um, are summarized in
Figs. 6 to 9. Comparing Figs. 2 and 6, it 1s obvious that in all
cases deformation in the CuO-containing 2Y-TZP’ is much
faster than that in the single-phase 2Y-TZP, by several orders
of magnitude, even though the single-phase 2Y-TZP has the
smallest grain size, 0.21 um.

The strain rate sensitivities of the CuO-containing 2Y-TZP%
arc high, between 0.5 and 0.8, as cvident from Figs. 6(A) and
(B). This feature is still charactenstic of superplastic flow.
However, unlike their counterpart without CuO addition, the
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Fig. 5. Superplasticity data of 2Y-TZP by different
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strain rate sensitivities of both TZP’s decrease gradually as
the temperature increases and then go through a somewhat
abrupt transition at the cutectic temperature, as highlighted
in Fig. 7.

The temperature dependence of superplastic flow of these
materials undergoes a corresponding transition at the eutectic
temperature, becoming lower at higher temperatures as
shown in Fig. 8. This effect is more evident for the higher
CuO content. For example, the activation energy decreased
from 445 to 415 k)/mol in 0.3%-CuO-added 2Y-TZP, and
from 405 io 233 kJ/mol in 1%-CuQO-added 2Y-TZP. In both
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Fig. 6. True stress-strain rate relationships for
2Y-TZP with (A) 0.3 mol% and (B) 1 mol% CuO.
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Fig.7. Temperature dependence of strain rate sensi-
tivity, m, in two CuO-containing 2Y-TZP’.

cases, the activation energy below the eutectic temperature is
already lower than that of 2Y-TZP without CuO addition.
The grain size dependence of 0.3%-CuO-added 2Y-TZP is
shown in Fig. 9 for two temperatures, one above and the
other below the eutectic temperature. In both cases, the grain
size exponents are much lower than that in single-phase 2Y-
TZP. In addition, this exponent is higher at a lower tempera-
ture, i.e., 1.64 = 0.15 at 1000°C and 1.23 x 0.1 at 1175°C.
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CuO-contaiming 2YTZPs at 40 MPa below and
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Apparently, the transition behaviors noted previously in
strain rate sensitivity and in activation energy also occurred
in the grain size exponent at the eutectic temperature. Taken
in toto, these results demonstrate clearly that the deformation
mechanisms in CuO-containing 2Y-TZP, at both above and
below the eutectic temperature, are different from that of
pure 2Y-TZP.

Lastly, to make clear the effect of the amount of CuO addi-
tion on deformation, we plot in Fig. 10 the ratio of the strain
rates, at 40 MPa, of the two CuO-containing 2Y-TZP’s for the
entire temperature range studied. It is clear from Fig. 10 that,
below the eutectic temperature, the strain rate increases
rapidly with an increasing CuO addition. Above the eutectic
temperature, however, the effect of the CuO amount is much
less. Indeed, the strain rate seems to be independent of the
CuO amount at temperatures approaching 1300°C. The impli-
cation of this and other observations on deformation mecha-
nisms will be discussed further in a later section.

(4) Grain-Boundary Phase

Direct evidence of the presence of a Cu-rich grain-
boundary layer was obtained by ESCA and TEM. We found
that all the 2Y-TZP’s could be fractured nearly intergranularly
at room temperature. In the CuO-containing specimens, the
fracture surface, according to the ESCA analysis, contained
Cu’, Y**, Zr** and O*". Since the ESCA signals came pri-
marily from elements on and within a distance of 1 to 2 nm
from the surface, to determine the depth distribution of the
above species, ion beam sputtering was applied to progres-
sively remove the near-grain-boundary material. This then
resulted in a rapid, monntonic decrease of the Cu concentra-
tion with the sputtering time, its signal falling below de-
tectability after 3 min. This indicated that Cu was present
only within a thin layer at the grain boundary. It should also
be noted that Si peaks were searched for but not found in the
above experiment. However, when 0.5 mol% of SiO, was in-
tentionally added to 2Y-TZP, a Si** peak was detected on the
grain boundary.,

A TEM micrograph shown in Fig. 11(A) of the same ma-
terial sintered at 1250°C revealed this Cu-rich layer to be
amorphous. The amorphous layer was of the order of 1 to
2 nm and was distributed relatively uniformly along the grain
boundary. The amount of the amorphous phase was too low
to give a diffuse scattering halo in the selected area diffrac-
tion pattern. An accumulation of the amorphous phase at the
triple point was found in a few cases, such as the one shown
in Fig. 11(B). In contrast, we found that in single-phase
2Y-TZP, the glassy phase was too limited to be detectable in
TEM in most cases.

€ncw

€0 cu) 34

1 . r
1000 1100 1200 1300
TEMPERATURE (°C)

Fig. 10. Ratio of strain rate of two CuO-containing
2Y-TZP’s with 1 and 0 3 mol% CuO
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Fig. 11. TEM micrographs revealing a thin layer of amorphous
phase at the (A) grain boundary and (B) triple point of CuO-
cortaining 2Y-TZP; bar = 20 nm.

(5) Microstructural and Micromechanical Observations

Micromechanical properties, including hardness and inden-
tation toughness of 2Y-TZP’s with and without CuO addi-
tions, are presented in Table 1. In comparing these data, it
should be noted that the grain sizes of the two materials are
not the same and they have not been optimized for best
room-temperature properties. It is evident, however, that the
CuO addition of a small amount has a negligible effect on me-
chanical properties at room temperatures.

Deformed microstructures of 2Y-TZP’s with and without
CuO addition were examined by SEM and TEM. In ali cases,
no significant cavitation damage or change in grain shape
and grain size was found after the compression test was per-
formed, regardless of the temperature, stress, strain rate, total
strain, or additive amount. Further examination by TEM of a
0.3%-CuO-added specimen, at a strain of 85%, again showed
no sign of cavitation. The lack of cavitation was finally con-
firmed by the density measurement.

Table . Mechanical Properties of 2Y-TZP’s with and
without an Additive

Toughness Herdness
Matenal (MPa m'%) (GPy)
2YZ 4.34 = 0.30 119
2YZ-0.3% Cu 598 + 0.24 10.6
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IV. Discussion

(1) Superplastic Forming Conditions

The flow stress of CuO-containing 2Y-TZP at 1200°C was
much lower than those reported previously for 3Y-TZP.2"
This is illustrated in Fig. 12, in which all the reported 3Y-TZP
strain rate data at 40 MPa are plotted against the reciprocal
temperature. The strain rates of this study, also shown in the
graph, are significantly higher than the rest. Clearly, then,
the addition of a low-melting phase is an effective way to fa-
cilitate ceramic superplasticity. Although a uniaxial tensile
test was not performed in the present study, our group has
reported biaxial shell stretching of the same ceramic, at a
strain rate approaching 107/s at 1150°C, to large strains.” We
found no acceleration of cavitation in those tests and verified
that the microstructure remained stable during deformation.,
Inasmuch as such an experiment is commonly regarded as
the most severe formability test in the sheet metal forming
field, it has provided, in our view, the most encouraging in-
dication to date that superplastic forming of ceramics would
be technologically feasible. It is also important to note that
the low-temperature mechanical properties were not sig-
nificantly affected by the addition of a smali amount of low-
melting phase.

(2) Grain-Boundary Phase in CuO-Added 2Y-TZP

As confirmed by the TEM and ESCA analyses, there was a
low-melting (1130°C), probably amorphous, continuous phase
along the grain boundaries of CuO-containing 2Y-TZP. This
phase contained Cu,! Y, Zr, and O, and it apparently facili-
tated sintering, grain growth, grain-boundary sliding, and
creep. Two prerequisites for such effects are (1) the grain-
boundary phase must cover or wet the entire grain
boundaries, and (2) the surrounding grains must be able to
dissolve in this phase. As evidenced from the TEM and
ESCA results, these requirements were apparently satisfied
by the Cu-rich grain-boundary phase.

Heating above the eutectic temperature poses an additional
requirement for the grain-boundary phase; i.e., it has to sup-
port a normal stress in order to be effective in diffusional
creep. Otherwise, the liquid would be squeezed out totally by
compression and would not be able to promote creep. A thin
intergranular liquid phase can fully support a normal stress if
its thickness does not exceed the equilibrium thickness deter-
mined by the balance of a dispersion attraction between ad-

*Although CuO was added initially, the more stablc state of Cu at high
temperatures (above 1000°C) 1n air1s Cu* (Ref. 29). This was confirmed by
the ESCA analysis in the sintered matenals.
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Fig. 12. Companson of temperature dependence of
strain rate of 3Y-TZP from Refs. 2, 5-7, and 31 with
2Y-TZP (this study) at a reference siress of 40 MPa
and a reference grain size of 0.33 um. Except for
Ref. 6, all tests were performed 1n air.

joining grains and a repulsion due to the structure of the
intergranular liquid. (A thicker liquid layer will be squeezed
around a bit until a thin film of the above equilibrium thick-
ness is left to support the normal stress.) As both of these inter-
actions are of short range (<10 nm), it is a natural conse-
quence that the equilibrium thickness is of the order of
1 nm.* This seems to be the case in the present system of
CuO-containing 2Y-TZP. Unfortunately, little is known about
the structure of the liquid and the dielectric properties of the
adjoining grains to allow a quantitative prediction of the
equilibrium thickness. However, at the concentrations of
CuO that we used, the thickness of the grain-boundary layer
is estimated to be 0.3 and 1.0 nm. In the above estimation we
have assumed a grain diameter of 0.3 nm and the volume
fraction of the liquid to be 0.003 and 0.01, respectively. Since
these values are probably smaller than the equilibrium thick-
ness, we believe the grain-boundary liquid in our study can
support a normal stress.

(3) Mechanisms of Superplasticity in
CuO-Containing 2Y.TZP

The main effects of CuO on the constitutive behavior of
2Y-TZP are summarized in Table I, We now attempt to ratio-
nalize these results in terms of the three mechanisms listed in
the Introduction, Egs. (1) to (3). In doing so, we first acknowl-
edge that we still lack a satisfactory micromechanical model
which accounts for the stress exponent and other aspects of
superplasticity, despite many such attempts in the past two
decades.”* However, there is a general agreement that super-
plasticity is akin to diffusional creep and involves grain-
boundary sliding and grain-boundary migration, but it some-
how proceeds at a much faster rate. In the absence of a
definitive model, it is difficult for us to make quantitative
and absolute predictions of the stress and grain size expo-
nents, etc. at this time. Instead, we have arrived at our ratio-
nalization based on the comparison of the qualitative trends
in constitutive parameters by invoking the general parallelism
between diffusional creep and superplasticity.

We believe that the deformation mechanism in single-phase
2Y-TZP is similar to thet of Coble creep, as described by
Eq. (1). When CuO is added, below 1130°C, creep is enhanced
and controlled by a faster diffusion in the grain boundary, as
described by Eq. (2). Above 1130°C, as a liquid phase forms,
diffusion is so fast that creep is controlled by interface reac-
tions, as described in Eq. (3). The above picture is consistent
with our observations in the following ways.

(1) The stress exponent should remain the same but
the grain size exponent should decrease by one as the mecha-
nism changes from Eq. (1) to (2), which was exactly the case
with 2Y-TZP and CuO-containing 2Y-TZP below the eutectic
temperature.

(2) The stress exponent should increase and the grain
size exponent should decrease as the mechanism changes
from Eq. (2) to (3), which was exactly the case with CuO-
containing 2Y-TZP when the eutectic temperature was crossed.

(3) The diffusion-controlled, grain-boundary-phase-
enhanced creep should depend on the amount of the
grain-boundary phase, while the interface-controlled, liquid-
enhanced creep should not, which was exactly the case
observed below and above 1130°C in our experiment,
respectively.

(4) Whether it is diffusion control or interface control is
dependent on the rates of the two mechanisms. The slower
one should be the controlling mechanism. Therefore, the
Arrhenius plot of the strain rate should have a concave down-
ward curvature giving a lower activation cnergy at higher
temperatures, which was exactly the case observed below and
above 1130°C in our expeniment.

Further interpretation of the data of activation energies is
difficult at this time for the following reasons. First, even if
Coble creep operated in 2Y-TZP, superplasticity would likely
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Table 1I. Summary of Parameters in the Constitutive Equation for Superplasticity (¢ = 4o"d " exp[—Q/kT))

Matecial Grain-boundary phase n Q (kJ/mol) p A
2Y-TZP None 1.5 £ 0.15 630 270 £ 0.2
2YTZP/0.3% CuO (below 1130°C)  Amorphous solid 1.3 = 0.1 445 1.64 = 0.15  Proportional to %CuO
2YTZP/0.3% CuO (above 1130°C)  Liqui 2001 416 123 £ 0.1 Independent of %CuQO

involve grain-boundary migration which could be controlled
by short-range lattice diffusion if solute segregation occurred.
(Direct evidence of solute segregation in a wide range of te-
tragonal zirconia has been reported by our group recently.)**
The relatively high activation energy of 630 kJ/mol in 2Y-TZP
was probably a result of the above. Second, activation energy
in Eq. (2) involves both diffusivity and solubility; thus the ac-
tivation energy of 445 kJ/mol below the eutectic temperature
cannot be attributed to a single process. Third, activation en-
ergy of the interface process is not well documented; thus it is
difficult to judge whether or not the activation energy of
416 kJ/mol above the eutectic temperature was reasonable.

V. Conclusions

(1) The addition of CuO enhances both densification
and grain growth because of the formation of a liquid phase.
The liquid-forming temperature is consistent with the eutec-
tic temperature, 1130°C, in the system Cu,0/CuO-ZrO,. Di-
rect evidence of the grain-boundary phase is provided by
TEM and ESCA analyses. The grain-boundary phase con-
tains Cu*, Y, Zr*, and O%, and it apparently wets the
grain boundary.

(2) The addition of a suitable, low-melting, grain-
boundary phase is an effective means to facilitate super-
plasticity. In 2Y-TZP it has resulted in a substantial decrease
in the flow stress, activation energy, and grain size exponent,
while retaining damage tolerance, hardness, and toughness.
Based on the present results, it is suggested that superplasticity
below 1200°C and 50 MPa can be easily achieved in Y-TZP.

(3) A transition in superplastic flow behavior occurs in
the vicinity of the eutectic temperature. Decreases in strain
rate sensitivity, activation energy, and grain size exponent
have been observed as the grain-boundary liquid phase
formed. Coble creep, grain-boundary-phase-enhanced diffu-
sional creep, and liquid-enhanced interface creep are pro-
posed as the dominant deformation mechanisms in 2YTZP
and in CuO-containing 2Y-TZP below and above the eutectic
temperature, respectively.

Acknowledgment: We are grateful to Mr. S.L. Hwang for the TEM
and ESCA analyses
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ABSTRACT

A novel shear thickening phenomenon has been observed in superplastic silicon wuitrides
compression tested between 1500 and 1600°C. Liquid enhanced creep of sialons undergoes a
transition from Newtonian behavior to shear-thickening behavior at a characteristic stress, with the
strain rate sensitivity increasing from unity to around two. The transition stress is always around
20 MPa even though the Newtonian flow stress is very sensitive to temperature, grain size, and
phase compositon. Rheopexic hysteresis, manifested as a slow stress relaxation to a steady state
value after a strain rate decrease, was also observed in the shear thickening regime. We attribute
the cause for shear thickening to a repulsive force between initially wetted sialon grains, which
form a "dry" and "rigid" bridge in between when pressed above a characteristic stress, possibly
due to the contact of the residue Stern layers on the opposing grain/liquid interfaces. A
micromechanical model, which takes into account the stress variation among differently oriented
grain boundaries, has been formulated to assess the effect of "rigid" grain boundaries. A continual
stochastic rearrangement of grain configurations and a relatively thick Stern layer are suggested as

the necessary pre-requisites for shear thickening in liquid enhanced creep.

* Supported by U.S. Air Force Office of Scienufic Research under Grant No, 87-0289.
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I. INTRODUCTION

Creep including superplastic flow of ceramic materials and metals is commonly described by a

power law
g=aol (1)

where € is the creep rate, ¢ is the flow stress, ot is a material constant, and n is a non-dimensional
material constant. When the creep mechanism is that of diffusional plating of grain boundaries,
n equal to one is often found and such flow behavior is formally analogous to Newtonian flow in
fluid mechanics. On the other hand, a higher n value can arise when deformation is at least
partially attributed to dislocations or cavitation, or is somehow limited by interface reactions. A
stress exponent iower than unity has never been reported in these materials to the best of our
knowledge.(1-2]

Deformation of slurries, colloids, and polymeric liquids can be similarly described by Eq (1).
However, both n > 1 and n < 1 are commonly observed depending on the materials. Expressed in
terms of viscosity, 1} = O/, shear thinning corresponds to n > 1 for a decreasing viscosity at a
higher strain rate, while shear thickening corresponds to n < 1 for an increasing viscosity at a
higher strain rate.[3) Quantitative models have been proposed for shear thickening in polymeric
melts, drawing on the special features of molecular configurations that evolve with shear rate.[4-5]
In colloids it has also been linked to either the formation of an extended gel-like superstructure
between particles(6-7] or to the breakdown of easy-slip patterns.[8-91 On the other hand, shear
thickening in slurries and granular materials, such as wet sand and soil, is generally attributed to
dilatant flow involving particles rolling over each other with dewetted liquid trapped in
intersticies.[10-11] In the latier two classes of materials (colloids and slurries), rheological studies

are mostly limited to solid volume fractions of no more than 75%.




Superplastic sialons of very fine microstructures which exhibit tensile ductilities in excess of
several hundred percent have been recently discovered.l12] Sialons are solid solutions based
on Si3N4. When the tetrahedral Si-N network is modified by substitution of Al for Si and O
for N, B'-sialon isomorphic with B-Si3N4 forms with a general formula of Sig-xAlyOxNg.x.[13]
When additional metal ion interstitials are added to the network, the formula is altered to
become M;/nSig-x-zAlx+20xN8g-x, and the crystalline structure is converted to one isomorphic with
-Si3N4. This is termed a'-sialon.[14] In most cases, some amount of glassy phase ranging from
5 to 20 vol% coexists with o' and B’ sialons.[13] Tt is in this class of ceramics that we have
observed a novel Newtonian to shear thickening transition which occurs at a characteristic stress,
ca. 20 MPa in compression between 1500 and 1600°C. The main experimental observation of this
highly unusual phenomenon is reported in the present paper along with a theoretical model that
rationalizes the transition. Further details of the materials development, their microstructures and

their constitutive behavior will be reported elsewhere.[!5)

II. EXPERIMENTAL

2.1 Materials

Sialons used in this study were prepared by mixing proper amounts of Si3N4, AN, Al,03
and Y03 powders. The starting powders were very fine and, in the case of Si3Ny, contain a very
high o phase content. They were attrition milled in isopropol alcohol for 2 h with porcelin or high
purity alumina milling media. The milled slurry was stirred and dried under heat to obtain a
uniform powder mixture. Fully dense ceramic blanks were then prepared by hot pressing under
28 MPa for 20 min. at 1550°C using a graphite die operating in nitrogen. Some materials were
also hot pressed or annealed for a longer time in an attempt to vary the microstructure. The phase
compositions were analyzed by x-ray diffraction. For a summary of the preparation conditions and
the phase assemblage, see Table 1. in which the materials designation will be used in the rest of

this paper. Finally, some typical micrographs of the microstructure are shown in Fig. 1. Note that
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in the micrograph to the right, grains almost always overlap because of their very small sizes
compared to the thickness of the TEM sample. Additional information on the processing,

microstructure, and phase equilibrium will be reported elsewhere.[15]

22 Testing

Specimens for compression tests were cut from blanks and ground into 3 mm x 3 mm x 6 mm
bars. Other dimensions and height-to-width ratios were also tested to evaluate the effect of friction
on compression experiments. The specimens were placed between two SiC plattens. A piece of
graphite foil was inserted between the specimen and the platten to further reduce friction. Testing
was conducted in a vacuum furnace, with tungsten mesh heating elements, between 1500°C and
1575°C in high purity nitrogen. The load frame used was an MTS operated under servohydraulic
control to provide a constant true strain rate during the compression test. In general, a test was
terminated after reaching a true strain of -0.5. Under the above operating conditions, we found
little barrelling of the specimen after testing. In addition, the flow stress was independent of the
height-to-width ratio used when the latter exceeded 2. Thus, friction was probably negligible in

these experiments.

[II. RESULTS

A typical set of stress-strain curves at various strain rates in compression is shown in Fig, 2.
All data shown here and below are in true stress, true strain, and true strain rate. Except at the
lower sirain rates, the flow stress is essentially constant over a large range of strain. Thus, a
steady state is no doubt reached in those cases. The strain hardening observed at the lower strain
rates is a result of mi~rostructural coarsening. Such a phenomenon is common among fine-grained
materials that deform via diffusional creep, superplasticity, or solutional reprecipitation creep,
which is believed to be operational here. The initial transient reflects some elastic deformation of

the specimen, the compliance of the loading train, and mostly plastic deformation during the
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evolution of the initial microstructure. The nominal strain of the transient varies from 3 to 15%
increasing with strain rate.

Comparing the flow stresses at the four strain rates in Fig. 2 at the same amount of time, say
500 s after the start of deformation, we find that the ratio of the two lowest flow stresses (2.0) is
the same as that of the corresponding strain rates, but the ratio of the two highest flow stresses
(1.9) is much higher than that of the corresponding strain rates (1.4). In rheological terms, then,
deformation at the two lower strain rates is Newtonian, but deformation at the higher strain rates is
shear thickening. If the flow stress data are read at the same strain, say 0.15, then we still find
shear thickening at the higher strain rates, but shear thinning instead at the lower strain rates.

Data of flow stress and strain rate have been collected over a wide range of deformation
conditions for a large number of superplastic sialon materials. (In the case of continuous strain
hardcring, the flow stress data are ones obtained at 500 s after deformation. Otherwise, the steady
state flow stress data are used.) Some representative ones are shown in Fig. 3. The data shown in
this figure were obtained at one test temperature, 1550°C, and are expressed in stress versus strain
rate, both in logarithmic scale. They all have a rather abrupt change in the slope, which is the same

as the reciprocal stress exponent, 1/n (also commonly termed strain rate sensitivity, m,

m= %llﬂ—?-, especially in the superplasticity literature). It has a value of unity below the transition
ne

transition stress, and greater than unity above that. This corresponds to n = 1 below the transition
and n ~ 0.5 above the transition. It is important to note that, despite the wide range of strain rate
covered, the transition stress always lies near 20 MPa. Data of one material at different
temperatures from 1500 to 1575°C are shown in Fig. 4. A similar transition, occurring at
approximately the same stress, is seen in ev :ry case. Moreover, the slopes at below and above the
transition are the same as those found in Fig. 3. In short, flow in uniaxial compression at stresses
higher than the transition stress, now termed o*, is much more sensitive to strain rate compared to

Newtonian flow, requiring a much higher flow stress.




Transient deformation experiments involving a rate increase or rate decrease have also been
performed. The rate increase in equal increments was programmed to occur at equal strain
increments up to a maximum strain rate and then similarly decreased again to zero. The recorded
flow stress just prior to the step increase/decrease is shown as a data point in Fig. 5, and the
trajectory that connects all the data points forms a stress-strain-rate loop. In this plot we found a
hysteresis (in the counter-clockwise sense) in the shear-thickening regime, which is absent in the
Newtonian regime. The latter hysteresis indicates that, after a strain rate decrease, it requires
considerable time (strain) to fully relax the flow stress to the steady state value. Despite the
hysteresis, the transition is, nevertheless, reversible in either direction. This kind of transient,
termed rheopexy, is common among fluids which are shear thickening.3:16] For shear-thinning
fluids, the loop is of the opposite nature (clockwise).[3:16] (For solids undergoing dislocation
creep, a similar transient reflecting the evolution of internal stresses has also been observed, even
though n > 1 in this case.[17))

Lastly, we have tried, but failed, to verify a similar Newtonian shear thickening transition in
tensile deformation. Although very large elongution can be obtained at lower stresses in many
sialon materials studied here, none has a steady state tensile flow stress high enough in comparison
with compression deformation in the shear thickening regime. A more complete report of the

constitutive relation of superplastic flow of these sialons, along with microstructural studies, will

be provided elsewhere.(13]

IV. A MODEL FOR NEWTONIAN—SHEAR THICKENING TRANSITION

Let us now summarize our observations regarding the Newtonian-shear thickening transition.
The transition occurs at a characteristic stress, of the order of 20 MPa, which is independent of
temperature and phase composition. The transition is reversible and strain independent, but has a
hysteresis in the shear thickening regime. Although the data are not presented here, we have

also found that creep in the Newtonian regime is grain size dependent, which is responsible
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for the strain hardening seen in Fig. 2 at the lowest strain rate.[15] Indeed, it must be operated by a
diffusion-related mechanism, such as diffusional creep (most likely enhanced by the liquid
phase) or solution/reprecipitation creep,[18-22] in conjunction with grain boundary sliding,
rotation, and switching events which continually stimulate the evolution of the grain/grain
configurations to sustain large strain deformation. The latter are evidently needed for
steady-state superplastic flow.(23]

We now formulate a continuum mechanics description to model the above transition. We first
postulate that, in the sialon materials, a micromechanical transition from a deformable Newtonian
state to a non-deformable rigid state can occur within isolated volume elements at stresses above
o*. Let the volume fraction of the rigid state "phase" be vy, and the creep rate of the Newtonian

state phase be &, , then

€0 =OM )

where 1 is an apparent viscosity which is dependent on temperature, grain size, phase

composition, and liquid content. The creep rate of the "composite” of the two "phases” is given by

£ = (1v)*’ & 3)

In the above, the result of a recent study by Yoon and Chen on a superplastic flow of a two-phase
composite containing rigid inclusions in a soft matrix was used to obtain the prefactor on the right
hand side.[24] If we further envision that v¢ increases with stress above 6*, then the transition
from Newtonian flow to shear thickening flow can be rationalized.

To develop the model further, we next associate the unit of volume element to a small region
containing one grain boundary only. We also propose that, when the normal pressure on the grain
boundary exceeds a certain critical stress ¢, the associated volume element becomes rigid. Thus,
the volume fraction of the rigid "phase” vf is simply the fraction of grain boundaries that support a

normal pressure in excess of G.



The average normal pressure on grain boundaries can be estimated approximately using a two-
dimensional picture. Grain boundaries are pictured, as in Fig. 6, to be randomly oriented spatially,
but with a locally equilibriated configuration containing segments intersecting at 120° with each
other. The average normal pressure on any such boundary of any orientation can be computed
approximately by referring to a periodic array of hexagonal grains of the same orientation. This
seems to be a reasonable approximation which, in effect, replaces the actual boundary condition by
a periodic one at some distance from the grain boundary of interest. As shown in the Appendix,

the average normal pressure o thus computed may be represented as

3=o(§-+cos2e) @
where 0 is the angle between grain boundary normal and the external stress direction. It should be
noted that the maximum normal pressure occurs at § = 0, where 6 = 1.5 6. For 90° > 6 2 60°, a
negative normal pressure, i.e. tension, should prevail. In the following, we will assume that the
above stress estimate for hexagonal grains is also applicable in the three-dimensional case for
evaluating rigid grain boundaries.

As the applied stress in uniaxial compression increases to reach {a, grain boundaries which
are normal to the stress axis (6 = 0) first become rigid. As the stress increases further, some grain
boundaries with a non-zero 6 angle also become rigid. The fraction of such rigid grain boundaries

is found by evaluating the solid angle of all the boundaries in three dimensions up to an azimuthal

angle 6 from the pole, normalized by 4n

L cos’! (29. -
2

2n 1-)
=J_ 2 i >2
visgk | J' 2sin @ do do (0_300) (5)

[+]

In the above, the factor 2 in the integrand is introduced to account for symmetry (between 6 and
180° - 8), and the upper integration limit for 6 is set to coincide with 6 = 6. Evaluating the

integration and after some trigonometric manipulation, we obtain




vi=1 - +

1
4

ale

(o.>. %cc) (6)

Note that v¢ is always no higher than 0.5 since grain boundaries with 90° > 0 > 60° are not in

compression. Combining Eq (6) and Eq (3), this yields, finally, the strain rate

o/ (c< ?;cc) ‘
€= T \ (7)
(G+52)” 2 (o22c) |

The above resuits are plotted in Fig. 7 in log o - log € to compare with the experimental data shown
in Figs. 3 and 4. If we identify o* with {a;, then the shape of the predicted o-€ plot, including its
slope in the two regimes, is similar to the one observed. The reason that the predicted transition
looks sharper is because we have assumed an abrupt transition at the critical stress o¢. It could
have been smoothed out by allowing some distribution in grain size, grain shape, etc. Overall,
then, the mechanical model seems to capture the basic characteristics of the Newtonian/shear
thickening transition.

The physical origin of the critical stress, o, which is responsible locally for the transition,

remains to be identified. This will be discussed in the next section.

V. DISCUSSION

5.1 Grain/Liquid/Grain Interaction

It is now well-known that almost all grain boundaries in silicon nitrides and sialons are wetted
by a thin glassy phase.[25] Clarke has argued that an equilibrium thickness (denoted as Ao) of this

phase should be maintained because the van der Waal attraction between grains is counterbalanced

by a repulsive interaction due to the structure of the liquid.[26] His model predicts an interaction




potential similar to that given by the Dejaguin-Landau-Verwey-Overbeek (DLVO) theory of
colloidal stability where a balance is maintained between attractive van der Waal forces and
repulsive electrostatic forces.[27] Plotting this potential as a function of grain/grain separation, h, a
primary minimum at small h with a very high potential ba;rier outside and a shallow secondary
minimum further beyond that is the common feature predicted by this model. Thus, a stress-free
grain boundary should maintain an intergranular glassy phase of an equilibrium thickness A,,
located at the secondary minimum, while a stressed grain boundary will become slightly depressed
toward the potential barrier but otherwise able to support a normal pressure, provided the potential
barrier outside the primary minimum is not exceeded.

Our experimental results are consistent with the idea that a repulsive force between grains
exists: at pressures above G, grain boundaries seem to be able to support a large normal pressure
without much further deformation. On the other hand, since the Newtonian/shear thickening
transition is reversible, it may be further concluded that the potential bar:ier is quite high, enough
to support several hundred MPa's as seen from Figs. 2-3 so that the primary minimum where
reversibility would have been lost is not accessible in our experiments.

One unsatisfactory aspect of the above model is that it leaves the significance of o, and the
appearance of a sharp transition stress 6*, unclarified. In our opinion, this can be readily
improved by incorporating the concept of a Stern layer at the liquid/grain interface, again in
analogy to the theory of colloidal stability.27] As shown in Fig. 8, if a Stern layer of compactly
packed liquid molecules forms on the interface, then the grain/grain interaction given by Clarke's
model is truncated at twice the distance of one Stern layer thickness 2Ag, and the grain to grain
distance should be limited to the same. For the same potential between "bare" grains, the truncated
potential at 2Ag decreases with increasing Ag. Using the above picture, we interpret that, in the
sialon ceramics studied here, the Stern layer is sufficiently thick to render only a relatively low
repulsion remaining at Ag 2 h 2 2A;. Thus, the flow behavior is virtually unaffected by the
grain/liquid/grain interaction until the normal pressure is sufficient to squeeze out the liquid so that

only the Stern layers remain. This would occur at 6* = 20 MPa, or through our model which
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established its relation to o, at a repulsive force of 30 MPa or so. The latter stress is then the
repulsion at h = 2Ag in the sialon system. In view of the compactness of the Stern layer structure
compared to a normal liquid, we further suggest that, at stresses above o, with the grain boundary
liquid entirely squeezed out except for the Stern layers, both grain boundary sliding and grain
boundary diffusion would be much retarded. It is in this sense that the grain boundary has become
"rigid" and "dry," and the micromechanical transition envisioned in Section IV is realized.

A rough calculation is now made to estimate the critical stress o using Clarke's model. Ata
distance greater than 2A, the normal stress between grains separated by a liquid can be expressed

as

F=-H_ .1.6x10° 0/m2) ndexp (:h’ (8)
6mh’. 3

(At a distarnce smaller than 2A, the Stern layers are in touch and we expect the repulsion to
increase rapidly beyond that given by Eq (8).) In the above, H is the Hamaker constant, N is the
ordering parameter (0 < 1o < 1), and & is the correlation length for the liquid. Following Clarke,
we choose & = 0.3 nm which is the molecular size of the SiQ4 tetrahedral unit representative of the
§,73in boundary liquid, and H = 7.6 x 10-20 J for (Si3Ng)s - (SiO2) - (Si3Na)s solid-liquid-solid
combination. If we further assume that the thickness of the Stern layer is the same as &, then the
estimated stress at h = 2Ag = 2€ is 35 MPa (for Ny = 0.5), which is very close, perhaps

fortuitously, to ovr measured o, value of 30 MPa.

5.2 Shear Thickening Models and Observations

Several other interpretations of shear thickening phenomenon in slurries, colloids and
molecular melts or solutions were mentioned in the Introduction. The models proposed for
polymeric melts and solutions(3-5.28-29] envision flow-induced association, entanglement, or
crystallization of molecules, due to enhanced collisions, chain alignment, or chain stretching.

These ideas are quite specific to polymeric molecular structures and generally not applicable to the
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other cases, although the notion that two or more molecules can form "quasi-aggregates"{30-31]
which have :1 higher viscosity than the unassociated polymeric solutions is certainly analogous to
our micromechanical picture of "rigid" inclusions. The idea of network formation under enhanced
collision kinetics can be extended to colloids in which a gel-like behavior with some dilatancy prior
to a steep viscosity increase has been observed.[3] In this case, the initial state contains colloidal
particles that are separated by repulsion which, under the flow action, are brought into contact
(i.e., falling into the primary minimum). Such a gel-like transition, however, is often irreversible,
as manifested by a permanent increase in the sedimentation volume. This is in contrast to the
reversible transition described in the previous section. It has also been established for colloids
that, under a shear stress, colividal particles are organized into closely packed layers by
hydrodynamic action to minimize tl:e resistance to shear, in a manner not unlike the slip pattern in
crystalline solids.[8-91 At a certain shear stress, flow instability occurs when particles fall in
between layers, resulting in a flow "jam" and a rapid increase of viscosity. This instability stress
has been found to be highly sensitive to the size and volume fraction of the particles, as well as
their size and shape distribution.[8] This latter feature is contradictory to our observation of a
constant characteristic stress at the transition.

Besides the above interpretations, there is the classical model for shear thickening based on the
observation in sand and soil. Essentiaily, in a closely packed slurry, such as wet sand, particle
rolling will inevitably cause a volumetric dilation that draws in liquid, as originally commented on
by Reynolds.l10] If there is just enough liquid present initially to wet all the closely packed
particles, any disturbance of this configuration is likely to generate some open pores. The shear-
thickening transition may then be associated with the liquid break-up (i.e., cavitation) that produces
locallized dewetted regions adjacent to liquid-filled pores, with local drying being responsible for
the increase in flow resistance.{!1] Such a transition is expected to be dictated by the capillarity
force of the pores which must scale, by similitude, with reciprocal particle size. This prediction is
again contradictory to our observation of a constant transition stress over the varied microstructural

length scales investigated. We should acknowledge, of course, that our model also envisions a
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liquid redistribution and some "drying" (albeit with the Stern layes remaining) even though no
actual dewetting/cavitation is expected.

Finally, it should be emphasized that shear-thickening reported for the above systems were all
obtained at a much higher strain rate, a much lower particle fraction, a much larger particle size
(except perhaps in polymeric solutions), a much lower temperature, and probably with little shape
accommodation of the particle itself by elastic-plastic deformation or diffusion.3.9.16] This
distinction makes the present observation rather unique among the large variety of shear-thickeiing
reports found in the literature. In this respect, it is not surprising to find these previous models

inconsistent with our observation.

5.3 Concurrent and Competing Flow Mechanisms

The flow phenomena described in this work occurred in steady-state deformation at large
strains. A continual evolution of grain/grain configurations and the interchange of mechanical
states are essential for any large strain, steady-state, two-phase flow process, especially if one of
the constituent phases is non-deformable. Thus, the grain boundaries which become rigid do so
only for a certain time, and they are eventually relieved from pressure and separated; meanwhile,
grains at other locations are compressed to become rigid. Presumably, the:2 changes a € driven by
stochastic grain boundary sliding and grain rotation events.[32] Withouit this evolution and
interchange of states, grains subject to a high normal pressure would have .een locked and the
creep process would have been stopped. Indeed, such an exhausting creep process involving
depletion of a viscous liquid on highly pressed grain boundaries has been recently described by
several investigators.[33-34] If maximal strains before exhaustion in such a process are of the order
of the liquid fraction, which is much less than the superplastic train achieved in our
experiments, it is clear that shear-thickening is not directly related to the latter mechanism.
On the other hand, the transient behavior described in Section III, which is probabiy due to the
squeezing out or replenishing of the liquid as the compressed grain boundaries adjust their liquid

thickness between A, and 2A, can be understood using similar viscous flow models.[>3-33]
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While superplastic sialons may not be the only ceramics which exhibit a shear-thickening
transition, such a transition could be masked by other concurrent mechanisms operating in creep.
For example, creep deformation of ceramics is frequently interrrupted by cavitation at grain
boundaries, even in compression, due to the tensile stress concentration at triple points where
incompatibility from grain boundary sliding is most severe.[36] In silicon nitride, for example, a
cavitation-related transition from n = 1 to n = 2 has been reporied.[37] Similar observations
in glass ceramics are also well-documented.[38] Such a transition is of the opposite type of
shear-thickening transition and can obscure the latter if occurring at the same time. Since the
magnitude of the local tensile stress rises with the grain size in diffusional creep and the like
(superplasticity and liquid enhanced dissolution/reprecipitaticn), a fine-grained microstructure
which has a higher ductility and lower flow stress is probably needed for avoiding cavitation
and for observing shear-thickening in ceramics. Shear-thickening transitions in certain
systems may also be unimportant if the transition stress is too high. For example, if our
proposed model proves correct, then the structure and thickness of the liquid absorption on the
grain/liquid interface will dictate the transition stress, which could vary over several orders of
magnitude in different systems because of the short-ranged nature of the repulsion at the
scale of the coherent length.[26] While further studies are required to provide a better
understanding of this aspect, it seems noteworthy that shear-thickening was not observed in
other superplastic ceramics (zirconia,[12:18.24] alumina,[12.39] mullite,[40] and glass ceramics(201),

If so, it may well be a unique flow behavior of sialons.
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APPENDIX

! Normal § tnclined Grain Bound

The average normal stress on any inclined grain boundary in a periodic hexagonal array can be
obtained from equilibrium consideration, provided no shear traction is transmitted by grain
boundaries. Consider the periodic array shown in Fig. A1 and draw the free-body diagram as
outlined by the dashed lines and the two adjacent grain boundaries. The average normal stresses

on the two grain bourdaries are denoted by 6 and 6. Their force balance in the applied stress

direction gives
Oy cos 6 + 53 cos (60° + 8) = ¢ (cos 8 + cos (60° + 0)) (A1)

Similarly, force balance in the orthorgonal direction, where there is no external stress, gives

O sin 0 + G, sin (60° +6) =0 (A2)

Solving the above set of simultaneous equations and simplifying the solution by trigonomeiric

manipulation, we obtain the following result

o1/o =1 +cos 20 (A3)

and
0,/ 61 = - sin 8/ sin (60° + 6) (Ad)

Of course, Eq (A4) can be shown to be the same as Eq (A3) following a transformation from 6 to
60° + 0. Thus, only Eq (A3) is quoted in the text as Eq (4).
The above solution is exact and independent of the actual mechanism of deformaticn operating

in the material. The assumption of zero boundary shear traction is reasonable as long as grain

boundary sliding is not impeded.
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TABLE 1: COMPOSITONS*, HEAT TREATMENTS, AND
PHASE ASSEMBLAGES OF SIALONS

Designation** SigNy AIN AlkO3 Y903 Phase Assemblage
S0610 83.73 1.77 3.73 3.70 30% o' + 70% P’
HO0510 83.73 7.77 3.73 3.70 100% B’
S1510 73.71 15.42 1.01 8.91 90% (o + ') + 10% B' + YAG
H1510 73.71 15.42 1.01 8.91 >95% o' + YAG
S1010 79.19 11.24 2.50 6.06 60% (o + ') +40% B' + YAG
S1025 68.50 14.69 10.70 6.09 35% (. + a') + 65% B' + YAG
S0633 65.73 13.13 16.56 3.73 >95% B' + YAG

* Composition expressed in wi%

** S—Hot pressed at 1550°C for 20 min.
H—Hot pressed at 1550°C for 20 min. followed by annealing at 1550°C for 100 min.
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FIGURE CAPTIONS

Microstructure of superplastic sialon S0610 (left SEM, right TEM),
Compressive stress-strain curves at various strain rates of sialon S0610 at 1550°C.

Stress versus strain rate at 1550°C for several superplastic sialons in compression.
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Stress versus strain rate for S0610 sialon at various temperatures in compression.
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A transient stress-strain rate loop of S1025 sialon tested at 1550°C in compression.
A polycrystal with wetted grain boundaries at various orientations,

Predicted stress-strain rate curve based on a two-phase model.

Interaction ¢ between grains at a separation h, with two Stern layers on the grain/liquid
interfaces.

A hexagonal grain in a periodic array loaded by a distant uniaxial tensile stress and
locally by normal stresses on the grain boundaries.
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Fig. 6. A polycrystal with wetted grain
boundaries at various orientations
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Fig. Al. A hexagonal grain in a periodic array loaded
by a distant uniaxial tensile stress and locally
by normal stresses on the grain boundaries.




V. PUNCH-STRETCHING—A BIAXIAL FORMABILITY TEST

The punch-stretching test is a standard sheet-metal formability test used in the metal industry.
‘The adaptation of such a test to ceramics was attempted in the current research to provide a visually
apparent and mechanically demanding demonstration of the formability of superplastic ceramics.
In a typical test, the stretching strain is of the order of 100%, and the stress-state is biaxial tensile.
To comyslement the experimental work, a new analysis using a clamped shell model for the tests
was also ootained which recognized the importance of rate-sensitivity of the deformation
appropriate o superplastic forming. The analysis further provides a physically transparent and
quantitatively a<:quate estimate of the forming load which can be used for process optimization by
minimizing tha foving load. The initial success of this methodology was demonstrated with a
Y-TZP containing l1q:id additive (see Sec. 4.1) and is described in the following paper. The test

has also been succe:sfully performed for other superplastic ceramics, as summarized graphically in

Sec. 2.1.
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Superplastic Bulging of Fine-Grained Zirconia

Xin Wu* and |-Wei Chen*

Department of Materials Science and Engineering, University of Michigan,

A tetragonal zirconia containing 2 mol% Y;0,, with 0.3 mol%
CuO addition as a grain-boundary phase, was superplasti-
cally stretched at 1150°C using a hemispherical punch. Me-
chanical analyses were performed to establish that a biaxial
tensile stress/strain state was achieved in the process with a
maximal strain of 0.5 in the thinned hemispherical shell.
The material was damage tolerant up to a critical strain
rate, approximately 10~ s~*, [Key words: mechanical prop-
erties, zirconia: yttria stabilized tetragonal polycrystals,
grain boundaries, plasticity)

I. Introduction

Sumunmxc forming of zirconia ceramics by forging,'? di-
rect and inverse extrusion,’ and bar and sheet bending*
has been reported by several groups. None of the above
attempts was conducted under a biaxial tension, In the sheli-
forming experiment reported by Carry and Mocellin,® al-
though a hemispherical shape was obtained, it nevertheless
involved mostly balanced compression and tension (i.e., pure
shear). Even the uniaxial tensile tests, widely reported by
many investigators,*’ are not as severe as the biaxial tensile
tests for the purpose of assessing formability.! In addition, the
typical forming time was long (from 30 min to several hours),
and the forming temperature was high (between 1300° and
1500°C). For technological applications, it would be much
more desirable if biaxial forming at a higher speed and a
lower temperature could be practiced. This would permit
more shaping flexibility, higher p oductivity, lower energy
consumption, and less capital and tooling costs. The work re-
ported here is a feasibility study of biaxial forming using te-
tragonal zirconia polycrystals (TZP) expressly processed for
low-temperature superplasticity.

II. Experimental Procedures

The TZP selected in this study has a base composition of
98 mol% ZrO; and 2 mol% Y,Os, which is a single-phase (te-
tragonal) fine-grain ceramic. To this composition, 0.3 mol%
CuO was added to form a grain-boundary phase, which has a
eutectic temperature estimated as 1130°C. The powders were
colloidally processed and sintered to full density at 1250°C.
The grain size, taken as the linear intercept between grain
boundaries multiplied by 1.5, was 0.35um. The grain-
boundary phase was examined by electron spectroscopy for
chemical analysis (ESCA) and transmission electron mi-
croscopy (TEM) and found to contain Cu*, Y**, Zr*, and
0% in a continuous amorphous layer of a thickness of 1 to
2 nm. Deformation of this material was studied in compres-
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sion over a temperature range from 1000° to 1250°C and
found to be superplastic. At 1150°C, the constitutive equation
may be represented by
Y = ke 1

where Y is the flow stress (MPa), ¢ is the strain rate (s™*), and
k = 2 x 10° MPa s"®. Further details of the processing,
characterization, and mechanical properties have been re-
ported elsewhere.’

For superplastic forming, circular disks of a thickness of
1 mm and a diameter of 32 mm were prepared by grinding
with diamond wheels. The surface roughness after grinding
was measured by a surface roughness analyzer, and found to
be of the order of 1 um, primarily in the form of long grind-
ing troughs and ridges. During forming, a disk was placed be-
tween a hemispherical punch and a circular die, both made of
hot-pressed SiC. The punch had a radius of 6 mm and the die
inner diameter was 15.875 mm with a rounded edge. The
edge of the disk was not clamped, After heating to 1150° or
1200°C in air, the punch was advanced at a programmed
displacement-time profile actuated by a servohydraulic me-
chanical tester® Both constant displacement rate tests and
constant strain rate tests, to be described later, were per-
formed in this study. A typical experiment, forming a hat-
shaped article with a hemispherical dome, as shown in Fig. 1,
was completed within 10 min. The object had excellent sur-
face finish and showed no wrinkling at the rim.

III. Results and Discussion

Load versus punch displacement curves for three runs are
shown in Fig. 2, for 1150° and 1200°C, and for the constant
punch speeds of 0.3 and 0.6 mm/min (corresponding to a
total forming time of 20 and 10 min, respectively). The varia-
tion in the load can be qualitatively understood by the tem-
perature and strain rate dependence of the flow stress and
will be further analyzed later.

For a direct measurement of strains in the deformed region,
several sets of Knoop indentation marks of various orienta-
tions were made on the outer surface before forming. These
marks had a length of a few micrometers and a spacing of
250 um. After forming, their locations were again measured
from scanning electron microscopy (SEM) photographs and
compared with the original sites. When combining these data
with the profile of the deformed shell, we can calculate all
the strain components, including radial strain ¢, hoop strain
€¢ thickness strain ¢, and effective strain &, which is
[(2/3)(e? + i + el)]". These results are shown in Fig. 3.
Two features of the strain distribution are notable. First, the
punch contact region has a higher strain than that outside.
Second, the maximum strain in the contact region is not lo-
cated at the pole, but at 2 mm away from it. We also note that
the flange was not deformed appreciably, as evidenced by the
small decrease of the outer diameter after forming and its
nearly unchanged thickness.

These results can be rationalized by the following picture
of the stress states, schematically depicted in Fig. 4. In the

*MTS Systems Corp., Minneapolis, MN.
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L sample after forming at 1150°C for
10 min. wltt a constant punch velocity of
0.6 mm/min (shown in top and side view, with the
punch).

contact region, the stresses on the shell include a normal pres-
sure from the die, a contact friction, and a biaxial tension in
the shell. The above stress state causes a biaxial stretching of
the shell, which also thins simultaneously. The friction re-
duces the biaxial tension, thus reducing the deformation at
the pole. (This is commonly called the “friction hill” effect. )
Outside the contact region, the shell is deformed by a pro-
gressively smaller radial and hoop stress. Because of the lack
of the normal pressure, the strain rate is now much lower, and
a nearly stepwise drop in the strain rate is experienced at the
edge of the punch contact region. Further outward, the hoop
stress continues to decrease and cventually becomes com-
pressive. Such compressive stress is mechanically required to
support the nct load of the punch. To be kinematically
consistent, the hoop strain also becomes negative, made pos-
sible by the inward flow of the material from the region near

" 1150°C,0.6mm/min.
*  1180°C,0.3mm/min
*  1200°C,0.6mm/min.

DISPLACEMENT (mm)

Fig. 2. Load-displacement curves for punch
stretching at temperatures of 1150° and 1200°C,
and at punch speeds of 0.3 and 0.6 mm/min.
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the flange. It is now clear that in the present experiment,
large strain biaxial tensile stretching, in a way quite similar to
pressure bulging of a thin shell, has been achieved.

It is interesting to note that, although the present experi-
ment has a configuration similar to deep drawmg, in which
the flange is under a minimum constraint, its mechamcs actu-
ally resemble more that of punch stretching,”® in which the
flange is clamped. In deep drawing, the thickness of the
flange remains the same, but its diameter decreases so that
the material is drawn inward toward the deepening wall;
meanwhile, the base is not deformed. Thus the wall is under
plane strain tension, but the flange is under plane strain
shear. In the present experiment, however, owing to the
lack of strain hardening in the superplastic regime, the mate-
rial in contact with the punch, as well as the outer annulus in
the dome, does not harden enough to transmit the requisite
stress to draw in the flange. Rather, stretching and thinning

Gy

O

contact
to punch

Fig. 4. Schematic of stress-strain states in punch stretching.
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are confined to the dome region inside the die lip in a way
similar to punch stretching even though no hold-down is ap-
plied.” In this connection it is important to note that, just like
punch stretching, the present test of biaxial tensile stretch-
ing is much more severe than uniaxial tension.® Thus, the
large forming strains achieved by the present experiment is
most assuring from a practical viewpoint concerning sheet ce-
ramic forming,

At higher displacement rates or lower temperatures, frac-
ture of the disk sometimes occurred when the punch displace-
ment approached the end displacement of 6.5 mm, as shown
in Fig. 2. To determine the maximum strain rate reached
prior to fracture, we have performed a simplified (upper
bound) stress analysis assuming that the strain is uniform in
the entire bulged region. From geometry, it can be shown that
the area of the bulge (A) is

A = 2eRY1 - cos B) + m(@® —~ Risin* B)cos B (2)

where R is the radius of the punch, a is the inner radius of the
die, and B is the half angle subtended by the punch contact
to the center of the punch, The height of the dome (k) is

given by
h = R(1-cospB —sinftan B) + atan B 3)

Using the Tresca yield criterion, we find that the pressure re-
quired to deform the shell (p) is

p=2Y In(l + ¢R) @)

where ¢ is the thickness of the shell. Then the total load on
the punch (P) is

P = wRp sin’ B &)

where the friction component has been ignored. Lastly, the
strain rate is given by

& = (dA/dB)(dp/dh) (dh/dr)/A (6)

where dh/ds is the punch velocity. The above equations can
be numerically evaluated to provide the load-displacement
curves and the strain rate-displacement curves. These are
shown in Fig. 5 for the deformation conditions given in
Fig. 2. It is clear by comparing Figs. 2 and 5 that the pre-
dicted load-displacement curves are quite satisfactory, repro-
ducing both qualitatively and quantitatively major features of
the experimental results. It is seen tnat at a velocity of
0.6 mm/min, the strain rate has exceeded 107> s™! when h ex-
ceeded 5.5 mm.

It is possible to avoid .'.c strain rate maximum without
lengthening the forming time by using a higher displacement
rate initially and a lower one later. Indeed, the displacement

Visl.Smavmin T131150°C
V2l 3mmmin T2:1200°C

- Prodicted Strain Rote Vi, Tt
osd

LOAD (N)

STRAIN RATE (1/s)

DISPLACEMENT (mm)

Fig. 5. Predicted load-displace.ient curves and strain
rate-displacement curves for the experimental conditions
in gi ey he material flow properties taken from Hwang
and Chen.

1500 10
T21150°C

1. € = 0.0008s
2. V = 0.01mm/s p2 «— /1 8

LOAD P (N)
DISPLACEMENT h (mm)

[ 2 0‘0 4 ﬂ' 0 s00
TIME (sec)

Fig. 6. Comparison of load and displacement in two
forming schedules: (1) constant punch sgefd of
0.6 mm/min; (2) constant strain rate of 6 x 107, with
the same final shape at 10 min.

rate can be programmed so that the average strain rate, given
by Eq. (6), is a constant throughout the experiment. In one
such displacement rate program, we used a constant strain
rate of 6 X 107* s~ for a total forming time of 10 min, which
is the same as the total time if a constant displacement rate of
0.6 mm/min is used, The recorded load and displacement
curves of these two experiments are compared in Fig. 6. It is
clear that the peak load is lower in the constant strain rate
test than in ti.c constant displacement test. Also, fracture was
never encountered in the constant strain rate test at 1150°C
when the forming time was 10 min. Micrographic examina-
tions of these specimens revealed a much better surface qual-
ity in all cases.

Surface damages were examined using SEM and found to
accentuate at a distance of approximately 2 mm from the
pole, in closc agreement with the location of the maximum
radial strain shown in Fig. 3. In cases where indentation
marks were made, crack opening was always observed regard-
less of the orientation of the mark. This observation has pro-
vided a further confirmation of the biaxial tensile nature of
the stresses in the contact region. Despite the opening, how-
ever, the indentation cracks did not seem ic propagate. In-
stead, the continuous grinding marks tended to cause more
severe cracking during forming and were responsible for shell
fracture when it did take place. Some examples of surface
cracking are shown in Fig. 7. These observations attest to the

Fig.7 Surface cracking after forming at 1150°C at 0.6 mm/min;
;he sample was ground and marked by Knoop indentation before
orming.
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excellent damage tolerance of the superplastic TZP studied
here. The higher propensity for damage development from
long-dimension surface perturbations has been recognized in
sheet-metal forming and analyzed previously."'* We also
found that when the surface was prepolished using 1-mm dia-
mond paste before forming, the population of surface crack-
ing was greatly reduced.

IV. Conclusion

We have demonstrated that superplastic forming in biaxial
tension to large strains can be achieved in a fine-grained te-
t al zirconia, at 1150°C, at a strain rate approaching
10~ s~!, Mechanical analyses have been applied to rationalize
the observed forming load, strain distribution and Gamages,
and to suggest process modifications to improve forming con-
dition. Given the excellent formability of this material, we be-
lieve that superplastic forming now provides an attractive
altern tive for near-net-shape forming of zirconia ceramics.
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